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SUMMARY 

Lightweight  intermetallics  and  ceramics  have  attractive  high 
temperature  properties  but  are  mostly  brittle  and  may  be  subject  to  oxidation. 
The  primary  intent  of  this  research  was  the  development  of  such  materials 
having  an  acceptable  combination  of  toughness  and  oxidation  resistance.  The 
research  was  closely  coordinated  with  the  DARPA/ONR  URI  program  at 
UCSB  concerned  with  high  temperature,  high  performance  composites. 

The  study  comprised  three  tasks.  The  first  task  was  to  study  phase 
equilibria,  solidification  pathways  and  toughness  properties  of  intermetallics, 
such  as  oxidation  resistant  Ti-Al-Ta  and  Nb-Al-Si  alloys,  and  ceramics.  These 
studies  were  then  combined  with  interface  interaction  studies  between  the 
matrix  microstructure  and  ductilizing/ toughening  particulates  and  fibers. 
The  second  task  was  a  basic  study  of  interface  structure  and  chemistry  as  it 
relates  to  the  mechanical  properties  of  the  interface. 

The  third  task  involved  studies  on  aluminum  and  copper  matrix 
composites.  These  studies  were  concerned  with  the  understanding  of  creep 
resistance.  The  aluminum  matrix  composites  were  prepared  by  a  new  process 
developed  in  this  contract  for  direct  infiltration  of  fibers  and  particulates  by 
liquid  aluminum  alloys.  Uniform  fiber/ particulate  distributions  were 
obtained  and  related  to  interface  interactions  and  mechanical  properties.  The 
latter  involved  consideration  of  the  separate  and  the  coupled  effects  of 
dispersoids  and  reinforcements  on  creep  and  flow  strength. 


1.  Phase  Equilibria  and  Solidification  Pathways  in 

Intermetallics 

A  major  portion  of  the  1100°C  isothermal  section  of  the  Ti-Al-Ta  phase 
diagram  has  been  determined  based  on  experimental  work  on  annealed  bulk 
alloys  and  diffusion  couples.  Significant  inconsistencies  were  found  with 
previously  reported  diagrams  for  the  same  system.  It  was  established  that  the 
r|  phase  field,  which  terminates  at  the  line  compounds  TaAl3  and  TiAl3  on 
the  binaries,  exhibits  hyperstoichiometric  solubility  of  Ta  and  Ti  in  the 
ternary  system,  in  agreement  with  similar  findings  on  the  Ti-Al-Nb  system. 
It  was  also  found  that  the  a  and  y  phases  exhibit  substantial  ternary  solubility. 
Furthermore,  a  ternary  phase  with  composition  near  Ti2TaAl  was  reported, 
but  its  phase  boundaries  and  relationship  with  the  other  fields  in  the  ternary 
system  remains  to  be  clarified. 

Diffusion  couple  studies  performed  in  the  course  of  evaluating  the 
phase  diagram  were  also  useful  in  determining  the  interdiffusion  coefficients 
of  Ta  and  A1  in  the  (3  phase.  This  information  has  been  used  for  the  studies 
on  phase  stabilities  and  interface  interactions  with  reinforcing  phases  within 
other  DARPA  sponsored  programs. 

Ti-Al-Ta  alloys  were  also  subjected  to  rapid  solidification  processing 
using  an  electromagnetic-levitation /splat-cooling  technique.  Rapid 
solidification  of  Ti-36Al-38Ta,  Ti-34Al-39Ta  and  Ti-44Al-4Cr-29Ta  melts 
resulted  in  the  formation  of  a  metastable  ordered  B2  phase,  which  converted 
to  the  stable  o  and  y  phases  upon  annealing  at  high  temperature.  On  the 
other  hand,  no  metastable  phase  was  formed  in  a  Ti-46Al-29Ta  alloy. 

Work  on  Nb-Al-Si  alloys  was  motivated  by  a  recent  finding  that  under 
appropriated  processing  conditions  certain  alloys  in  this  ternary  system  form 
adherent  protective  oxides  at  high  temperatures  enhancing  oxidation 


resistance.  Furthermore,  the  solidification  microstructures  affect  this 
oxidation  behavior  profoundly,  especially  since  low  diffusion  rates  inhibit 
homogenization  of  the  as-cast  structures  at  temperatures  and  times  of 
practical  utility.  A  comprehensive  program  was  thus  carried  out  to  first 
evaluate  the  equilibrium  phase  diagram  of  the  system  and  compare  same 
with  experimental  data  in  this  program.  Second,  a  ternary  alloy  solidification 
model  was  combined  with  the  phase  diagram  information  to  predict  the 
solidification  "path"  of  a  number  of  alloys  in  the  Nb5  (Si,  Al)3  composition 
range.  In  a  corollary  experimental  study,  arc-buttons  of  the  alloys  were  cast 
and  the  as-solidified  structures  characterized  by  analytical  electron  microscopy 
and  high  temperature  X-ray  diffractometry.  Microsegregation  profiles, 
volume  fraction  and  distribution  of  the  various  phases  were  determined  and 
compared  to  the  calculations.  Good  agreement  was  obtained  between  theory 
and  experiment. 

In  a  related  study  the  niobium-based  alloys  Nb-7.2Al-59.7Si,  Nb-35A1- 
27Ti  and  Nb-20Ti-21.3Si  were  supercooled  and  splat  quenched  using  the 
levitation-splat  cooling  technique.  The  Nb-35Al-27Ti  alloy  formed  an 
ordered  B2  phase  upon  rapid  solidification,  while  the  formation  of  the  brittle 
(NbTi)5  Si3  phase  was  suppressed  upon  supercooling  of  the  Nb-20Ti-21.3Si 
alloy. 


2.  Matrix  Toughening 

Process  zone  and  bridging  zone  mechanisms  of  matrix  toughening 
have  been  studied.  In  particular,  short  crack  effects  that  arise  with  process 
zone  toughening  have  been  calculated.  These  calculations  reveal  that 
interaction  effects  occur  between  process  zones  at  the  two  crack  tips  leading  to 
a  reduction  in  the  magnitude  of  the  fracture  resistance.  The  results  also 
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indicate  that  the  strength  does  not  scale  simply  with  the  toughness.  These 
solutions  thus  have  important  implications  for  the  combined  optimization  of 
strength  and  toughness. 

A  related  investigation  of  ceramics  toughened  with  whiskers  has 
established  both  the  prevalent  contributions  to  toughness,  as  well  as  the 
realistic  toughening  potential.  The  two  principal  toughening  contributions 
derive  from  the  extra  surface  energy  associated  with  debonding  along  the 
amorphous  phase  at  the  interface  and  energy  dissipated  as  acoustic  waves 
when  the  whiskers  fail  in  the  crack  wake.  These  contributions  can  lead  to 
toughness  of  order  Kc  »  10  MPaVm.  Much  larger  toughness  values  could  be 
induced  by  encouraging  frictional  dissipation  by  sliding  and  pull-out  along 
debonded  interfaces. 

3.  Creep  Strengthening 

The  effects  on  flow  and  creep  of  high  aspect  ration  reinforcements  have 
been  explored  by  conducting  experiments  on  an  Al/Mg  alloy  reinforced  with 
chopped  AI2O3  fibers  (20%  by  volume).  These  experiments  have  been 
coupled  with  plane  strain  calculations  of  steady-state  flow  using  incremental 
plasticity.  The  reinforcements  have  been  shown  to  lead  to  an  anisotropy  of 
flow  strength  between  tension  and  compression,  caused  by  damage  in  the 
form  of  multiple  cracks  in  the  fibers.  The  strengthening  in  compression  (no 
damage)  is  substantial  and  apparently  consistent  with  that  predicted  by 
plasticity  calculations.  The  important  role  of  high  aspect  ratio  is  thus 
confirmed.  This  material  also  has  good  toughness  and  ductility  (-6%)  because 
of  the  high  ductility  of  the  matrix  alloy,  but  fracture  models  have  yet  to  be 
produced. 
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A  related  study  concerns  processing  routes  for  oxide-dispersion 
strengthened  copper  alloys.  The  oxides  of  Y,  Zr  and  the  rare  earths  offer 
alternatives  to  the  conventional  Y-AI2O3  dispersoids  used  in  ODS  copper. 
These  oxides  have  flourite-related  structures  and  exhibit  interfacial 
characteristics  that  should  lead  to  an  improved  ability  to  pin  dislocations. 
However,  these  dispersions  cannot  be  produced  by  conventional  internal 
oxidation,  since  the  alloying  elements  are  not  soluble  in  Cu  matrix,  but 
instead  precipitate  as  intermetallic  compounds.  On  the  other  hand,  the 
intermetallics  are  much  less  stable  than  the  corresponding  oxides  and  readily 
react  with  the  inward-diffusing  oxygen  releasing  Cu  and  precipitating  the 
oxide.  The  extent  of  the  reaction  and  the  fineness  of  the  oxide  dispersion 
depends  on  the  intial  scale  and  distribution  of  the  intermetallic,  which  can  be 
optimized  by  rapid  solidification  processing.  To  explore  this  opportunity, 
powders  of  a  Cu-2wt%Y  alloy  were  produced  by  ultrasonic  gas  atomization  at 
the  National  Institute  for  Standards  and  Technology,  giving  segregate 
spadngs  on  the  order  of  1  to  2pm.  Y2C>3  dispersoids  on  the  order  of  20nm  and 
~3  percent  in  volume  fraction  were  subsequently  produced  by  internal 
oxidation. 
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Introduction 

Previous  investigations  of  microstructure  evolution  during  solidification  of  a  Ti-50at%Al 
alloy  [1,2]  revealed  a  major  disagreement  between  experimental  observations  and  the  recently 
evaluated  version  of  the  Ti-Al  phase  diagram.  Figure  1  [3,4],  While  the  latter  predicts  the 
formation  of  3  (A2)  dendrites  surrounded  by  peritectic  y  (L1q)  segregate,  the  experimental  evi¬ 
dence  strongly  indicates  that  the  primary  phase  is  a  (A3),  i.e.  the  solid  solution  based  on 
the  hexagonal  close  packed  structure  of  Ti.  Elucidation  of  the  actual  solidification  path  has 
been  an  elusive  subject  as  the  solid  state  transformation  of  either  primary  phase  can  in  prin¬ 
ciple  result  in  the  aj  (DO^g)  +  y  lath  microconstituent  observed  in  practice,  as  suggested  by 
Blackburn's  experiments  on  the  Ti-33atZAl  composition  [5]. 

Primary  a  formation  was  first  reported  by  Graves  et  al  [6]  in  rapidly  solidified  Ti-Al  pow¬ 
ders  of  near  equiatomic  composition,  and  was  originally  ascribed  to  metastable  phase  selection 
resulting  from  supercooling  of  the  liquid  droplets.  This  hypothesis  was  supported  by  the  cross¬ 
over  of  the  calculated  Tq  curves  for  the  a,  3  and  y  phases  in  the  vicinity  of  50at2Al,  suggest¬ 
ing  that  metastable  a  would  be  competitive  with  the  stable  3  at  relatively  modest  supercoolings 
(50-100  K).  However,  dendrites  with  hexagonal  symmetry  were  shortly  thereafter  detected  in 
shrinkage  cavities  of  arc  melted  buttons  [2],  e.g.  Figure  2,  and  even  ingots  as  large  as  15  kg 
[7].  Since  supercoolings  achievable  in  arc-buttons  and  ingots  are  anticipated  to  be  small,  the 
evidence  suggested  that  a  may  be  the  stable  crystal  form  in  equilibrium  with  the  liquid  at  the 
Ti-50at%Al  composition. 


A  two-pronged  investigation  was  undertaken  t  clarify  whether  this  region  of  the  phase 
diagram  needed  revision.  The  approach  involved  both  high  temperature  X-ray  diffraction  of  homo¬ 
genized  Ti-50atZAl  samples  and  containerless  solidification  of  the  same  composition  at  relati¬ 
vely  slow  growth  rates  in  order  to  approach  equilibrium. 


Alloy  Preparation 

High  purity  Ti-50at%Al  buttons  (<270  ppm  O2)  produced  by  TiMet  were  cut  and  remelted  in  an 
arc  furnace  under  gettered  argon  containing  less  than  0..1  ppb  of  O2.  Bars  5  and  10  cm  long,  with 
a  cross  section  of  approximately  1  cm^  and  oxygen  contents  of  the  order  of  400  ppm  were  produced 
in  this  manner.  The  shorter  buttons  were  homogenized  for  24  hours  at  1270  K  in  a  resistance  fur¬ 
nace  under  gettered  argon  (<0.1  ppb  O2)  at  ^<50  kPa  (0.5  atm).  These  were  then  cut  into  thin  sli¬ 
ces  which  were  subsequently  ground  to  300  -  400  pm  thickness,  electropolished  to  remove  the  de¬ 
formed  surface  layers  and  cleaned  to  minimize  any  traces  of  hydride  film  in  the  manner  described 
by  Hu  and  Cline  [8].  These  specimens  were  used  for  the  X-ray  diffraction  work  and  had  a  typical 
oxygen  content  of  ^700  ppm  O2.  The  10  cm  bars  were  homogenized  in  situ  using  a  low  power  level 
of  the  arc,  cut  into  6  mm  diameter  rods  by  electro-discharge  machining  and  subsequently  ground 
and  ultrasonically  cleaned  for  use  in  the  containerless  solidification  experiments. 


High  Temperature  X-Ray  Diffraction 


A  Scintag  PAD-10  diffractometer  fitted  with  a  high  temperature  stage  modified  to  work  under 
vacuum  or  inert-gas  atmospheres  was  used  for  the  X-ray  work.  The  diffractometer  was  operated  in 
the  9-9  mode  while  the  specimen  remained  stationary  on  a  Ta  strip,  supported  in  the  chambe-  by 
water  coaled  rods.  The  sample  was  heated  up  both  by  Ta  heating  elements  surrounding  the  stage 
and  by  resistance  heating  of  the  Ta  strip  on  which  it  rested.  The  temperature  wa<-  monitored  by  a 
small  thermocouple  welded  onto  the  sample  surface. 

Prior  to  the  experiment  the  furnace  was  degassed  by  evacuating  and  heating  up  to  1 750  K 
with  a  pure  Ti  specimen  placed  on  the  stage.  The  system  was  considered  satisfactory  when  a  pres- 
'•ji.e  of  8  ptorr  was  maintained  at  the  maximum  temperature.  The  Ti-50at%Al  specimen  was  then  po¬ 
sitioned  in  the  furnace  which  was  repeatedly  evacuated  and  flushed  with  gettered  argon  to  ensure 
an  oxygen  free  environment.  The  experiment  itself  was  conducted  in  stagnant  gettered  argon,  j 

close  to  atmospheric  pressure,  ''-0.1  MPa.  This  approach  minimized  A1  losses  while  still  allowing 
for  sufficient  transmission  of  X-ray  intensity  to  obtain  a  well-resolved  spectr’un  (Ar  appears  to  1 
be  an  efficient  scattering  medium  for  the  incident  X-rays). 

The  specimen  was  heated  following  the  schedule  shown  in  Figure  3.  After  reaching  each  pre¬ 
scribed  temperature  the  specimen  was  thermally  equilibrated  for  ^10  minutes  and  the  X-ray  spec¬ 
trum  was  subsequently  acquired  for  "^5  minutes.  Given  the  thin  dimension  of  the  specimen  and  the 
fact  that  most  of  the  signal  comes  from  a  surface  layer,  it  was  felt  that  the  hold  time  was  suf¬ 
ficient  to  equilibrate  the  microstructure,  particularly  with  regard  to  the  a  *-*  y  transformation 
which  appears  to  be  relatively  fast.  Thr  changes  in  the  spectrum  ct  selected  temperatures  are 
depicted  in  Figure  4. 

All  the  peaks  in  the  room  temperature  spectrum  were  consistently  indexed  to  the  L1q  struc¬ 
ture,  indicating  that  the  starting  material  was  single  phase  y.  This  was  confirmed  by  the  metal- 
lographic  examination  of  t^e  homogenized  button.  Figure  5(a),  which  contains  relatively  large  y  I 
grains  (200-300  pm),  some  of  them  twinned,  but  no  evidence  of  a  second  phase.  It  should  be  noted 
that  the  coarse-grain  structure  combined  with  the  relati\T°ly  small  sampling  area  frequently  re¬ 
sults  in  a  spectrum  different  from  the  one  expected  for  a  random  polycrystalline  specimen.  For 
example,  the  unusually  large  {111}^  peak  at  about  39°  in  Figure  4  suggests  a  strong  texture 
along  these  planes. 

Heating  up  to  1373  K  produced  no  major  changes  in  the  equilibrium  conf iguration--only_y  was 
detected  in  the  spectrum.  The  first  noticeable  change  occurred  at  1623  K,  when  a  small  {0111)a 
peak  appeared  near  29  =  40°  indicating  the  presence  of  the  hexagonal  a  phase.  The  phase  has  been 
indexed  as  a  instead  of  since  the  c^/a  transus  temperature  has  been  reasonably  well  esta¬ 
blished  at  'V1400  K  [3],  Note  also  that  the  {111}^  peak  remained  quite  strong,  suggesting  that 
the  system  was  in  a  two-phase  (a  +  y)  field  but  still  near  the  boundary  of  the  single  phase  y. 
Increasing  the  temperature  to  1673  K  led  to  a  major  loss  of  intensity  in  the  {111}^  peak  ~nd  the 
dissappearance  of  most  of  the  weaker  y  peaks.  The  a  peaks  became  stronger  and  more  numerous, 
clearly  indicating  that  the  system  was  well  within  the  (a  +  y)  field  at  this  temperature.  Fur¬ 
ther  heating  to  1723  K  resulted  in  the  elimination  of  all  the  y  peaks  within  the  spectrum,  indi¬ 
cating  that  the  system  had  moved  into  a  single  phase  a  region.  The  strong  increase  in  intensity 
of  the  {0111 } a  peak  accompanied  by  the  disappearance  cf  some  of  the  weaker  peaks,  e.g.  (0110}a, 
(1120}a  and  {1013)a  at  36°,  63°  and  71°,  respectively,  suggest  the  development  of  a  texture  due 
to  preferential  growth  of  the  (0111}a  orientations  at  high  temperatures.  The  heating  was  termi¬ 
nated  at  1723  K  to  avoid  melting  the  specimen. 

Upon  cooling  to  1273  K  the  y  phase  peaks  reappeared  but,  contrary  to  the  observations  made 
during  heating,  a  small  hexagonal  peak  at  ''-36°  still  remained  in  the  spectrum  (not  shown  in 
Figure  4).  This  peak  has  been  indexed  to  the  {0220}  plane  of  the  02  phase,  since  the  temperature 
is  below  the  a/a2  transus.  The  (0220}a2  peak  was  observed  even  a  er  cooling  to  room  temperature 
and  was  associated  with  a  small  aluminum  loss  during  the  experiment.  The  composition  of  the  spe¬ 
cimen  determined  by  EDS  was  48.3±0.9  atTAl  and  the  microstructure  of  the  sample,  shown  in  Figure 
5(b),  contained  the  typical  (02  +  y)  latn  structure  characteristic  of  the  decomposition  cf  a.  It 
was  thus  concluded  that  the  change  in  composition  during  the  experiment  moved  the  alloy  from  the 
single  pharu  (  to  the  (02  +  y)  field  in  the  phase  diagram. 

Container less  Solidification  Experiments 

Soliaif ication  of  Ti-50at%Al  rods  at  controlled  rates  was  carried  out  using  a  floating-zone 
approach  in  gettered  argon  at  pressure.**  slightly  over  atmospheric,  M).l  MPa.  The  rod  specimen 
was  held  at  both  ends  by  a  rigid  frame  and  moved  through  a  stationary  induction  coil  fitted  with 


a  concentrator  plate  in  order  to  localize  the  heating  in  a  small  segment  (M  cm).  In  this  confi¬ 
guration,  the  molten  zone  bridges  the  two  solid  halves  of  the  specimen  and  is  held  by  surface 
tension.  Higher  temperature  gradients  were  introduced  to  maintain  a  stationary  molten  zone  by 
cooling  the  lower  interface  with  jets  of  gettered  argon  (<0.1  ppb  O^).  The  solidification  rate 
could  then  be  related  to  the  velocity  of  the  moving  rod,  which  was  precisely  controlled  by  an 
Instron  1122  crosshead  drive.  Lengths  varying  from  1  -  2  cm  were  solidified  at  rates  ranging 
from  17  to  830  pm/s  (1-50  mm/min).  Longitudinal  and  transverse  metallographic  sections  of 
these  samples  were  prepared  for  optical  and  SEM  examination. 

At  the  lower  solidification  rates  (17  -  33  pm/s)  the  solidification  structure  is  largely 
homogenized  in-situ  as  evidenced  by  the  absence  of  segregate  (y),  Figure  6(a).  The  microstruc¬ 
ture  consists  of  large  columnar  grains  containing  the  typical  <*2  +  y  transformation  product  with 
a  lath  spacing  of  'vl  pm.  Increasing  the  solidification  rate  to  83  pm/s  yields  a  cell-like  struc¬ 
ture  presumably  arising  from  extensive  coarsening  of  the  dendrites.  Figure  6(b).  About  6  vol%  of 
segregate  with  spacings  of  the  order  of  100  pm  is  retained  i"  the  microstructure,  clearly  deli¬ 
neating  the  transformed  primary  phase.  The  average  compositions  of  the  dendrites  and  segregate 
measured  by  EDX  were  49  and  54  at%Al,  respectively. 

Increasing  the  rod  velocity  above  83  pm/s  causes  a  loss  of  directional  growth  observed  at 
lower  velocities,  suggesting  the  development  of  growth  centers  in  the  liquid  ahead  of  the  inter¬ 
face.  On  the  other  hand,  the  dendritic  structure  is  now  retained  and  the  volume  fraction  of 
segregate  increases  to  'v-12%  as  the  time  available  for  coarsening  and  homogenization  is  reduced. 
However,  the  composition  of  the  constituents  is  not  significantly  different,  even  at  the  highest 
velocity  where  the  dendrites  and  segregate  had  aluminum  contents  of  48  and  55  at%,  respectively. 

Figure  6  also  shows  examples  of  dendrites  clearly  revealing  the  hexagonal  growth  symmetry 
in  zones  where  the  rod  velocity  was  330  and  830  pm/s.  While  Figure  6(d)  shows  equiaxed  growth, 
the  dendrite  in  6(c)  grew  with  a  primary  stem  along  a  <1010>a  direction  and  the  secondary  arms 
along  two  of  the  other  <1010>a  directions  at  60°  from  the  main  axis.  This  is  different  from  the 
dendrite  shown  in  the  shrinkage  cavity  of  an  arc-button.  Figure  2,  where  the  primary  stem  grows 
along  the  [0001]a  direction  and  the  secondary  arms  are  perpendicular  to  the  main  axis.  Note  also 
that  the  secondary  spacing  is  40-50  pm  in  Figure  6(c),  while  that  in  Figure  2  is  20-25  pm,  sug¬ 
gesting  that  even  the  higher  solidification  rates  in  the  floating-zone  approach  are  significant¬ 
ly  slower  than  those  characteristic  of  the  arc-buttons  and  any  potential  supercooling  effects 
would  consequently  be  diminished. 

Discussion 

The  results  of  this  investigation  strongly  support  the  hypothesis  that  the  crystalline 
form  in  equilibrium  with  a  liquid  TiAl  alloy  of  equiatomic  composition  is  a  disordered  solid 
solution  based  on  the  A3  crystal  structure  of  a-Ti.  It  is  believed  that  the  high  temperature 
X-ray  diffraction  experiments  represent  conditions  fairly  close  to  equilibrium  while  minimizing 
oxygen  contamination.  The  equiatomic  alloy  was  shown  to  be  single  phase  y  between  300  and 
^1623  K  and  single  phase  a  at  1723  K  and  above,  with  a  two  phase  cx  +  y  field  between  %1623  and 
^1723  K.  Further,  no  evidence  of  8  was  detected  at  high  temperature,  in  spite  of  the  small  alu¬ 
minum  loss  during  the  analysis.  X-ray  diffraction  of  alloys  with  a  leaner  A1  content,  to  be 
reported  in  a  separate  publication,  confirm  that  8  is  indeed  present  at  high  temperatures  at 
compositions  as  high  as  46at%Al.  Thus,  the  technique  is  reliable  to  detect  both  a  and  8  at  high 
temperatures . 

Even  though  the  X-ray  experiments  did  not  go  up  to  the  solidus  temperature  (estimated 
^1753  K),  the  solidification  experiments  also  indicate  that  the  primary  phase  evolving  from  the 
liquid  is  a.  Since  local  equilibrium  is  anticipated  at  the  liquid  solid  interface  and  bulk  liq¬ 
uid  supercooling  is  unlikely  in  these  experiments,  it  is  concluded  that  the  phase  in  equilibrium 
with  the  liquid  is  a  and  not  8>  contrary  to  the  indications  of  the  current  phase  diagram. 

In  light  of  these  findings  and  those  of  tur  previous  paper  [1],  it  is  evident  that  the 
phase  diagram  needs  to  be  revised  to  include  a  high  temperature  a  field  in  equilibrium  with  the 
liquid  phase.  Thus,  the  a/8  transus  field  is  likely  to  terminate  at  a  peritectic  reaction, 

L  +  8  ■*  a,  rather  than  the  peritectoid  8  +  y  a  indicated  by  the  published  phase  diagram.  In 
addition,  the  associated  a  +  y  field  does  not  terminate  at  the  peritectoid,  but  rather  at  a 
second  peritectic  L  +  a  -*■  y.  The  suggested  changes  are  schematically  illustrated  in  Figure  1 
and  are  cons^Jtent  in  principle  with  the  earlier  diagram  proposed  by  Willey  and  Margolin  [9].  It 
should  be  noted,  however,  that  the  earlier  version  identified  the  high  tc  .c.-ture  hexagonal 
phase  as  02  (T  .  jq) . 


Conclusions 


Evidence  from  high  temperature  X-ray  diffraction  and  solidification  experiments  has  defini¬ 
tely  established  that  the  phase  in  equilibrium  with  a  liquid  Ti-50at%Al  alloy  is  the  hexagonal 
close  packed  solid  solution  based  on  the  structure  of  a-Ti,  rather  than  the  body  centered  cubic 
form  indicated  by  -the  existing  phase  diagram.  The  latter  must  then  be  revised  to  include  a  high 
temperature  a  field  and  probably  a  second  peritectic  reaction  L  +  a  -+  y . 
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FIG.  1.  Section  of  the  Ti-Al  phase  diagram 
under  investigation.  The  solid  lines  corres¬ 
pond  to  the  current  version  [3]  while  the 
dotted  lines  follow  an  earlier  diagram  [9] 
which  is  more  consistent  with  our  results. 


FIG.  2.  Hexagonal  dendrite  in  the  shrinkage 
cavity  of  a  Ti-50atZAl  alloy  arc-melted  but¬ 
ton.  Note  the  striations  along  the  basal  plane 
arising  from  the  solid  state  transformation 
of  a  into  the  a2  +  y  lath  microconstituent. 


FIG.  5.  Optical  micrographs  of  the  homogenized  Ti-50at%Al  alloy  used  for  the  high- temperature 
X-ray  diffraction  studies:  (a)  before  and  (b)  after  the  experiment. 


FIG.  6.  Solidification  microstructures  produced  by  the  floating-zone  method:  (a)  Homogenized 
grains  at  17  pm/s  showing  only  02  +  y  lath;  (b)  directional  cells/dendrites  at  83  pm/s;  (c) 
"columnar"  hexagonal  dendrite  growing  along  a  <10l0>a  direction  at  330  pm/s  and  (d)  equiaxed 
hexagonal  dendrite  showing  the  full  six-fold  symmetry  from  the  region  solidified  at  830  pm/s. 
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ABSTRACT 

Rapid  liquid  to  solid  transformations  in  interme- 
tallic-forming  Ti-Al  powders  at  different  levels 
of  supercooling  are  examined.  An  overview  is 
first  given  of  solidification  with  and  without 
equilibrium  at  the  solid- liquid  interface.  Ther¬ 
mal  history  of  supercooled  droplets  of  Ti-Al  al¬ 
loys  is  considered  emphasizing  the  interplay  be¬ 
tween  phase  selection  processes,  recalescence  and 
solute  redistribution.  Experimental  observations 
on  Ti-( 10-50)at%Al  alloy  ultrafine  (<1  pm)  and 
coarse  ( > 38  pm)  powders  as  well  as  arc-melted 
buttons  and  splats  are  described.  It  was  found 
that  buttons  and  possibly  the  coarse  powders  be¬ 
tween  48  and  50atZAl  solidify  as  a  dendrites  sur¬ 
rounded  by  y  segregate.  The  dendrites  further 
transform  in  the  solid  state  to  a  lath  structure 
consisting  of  yT  +  o^.  The  hexagonal  dendrites, 
which  are  also  observed  in  40-80  pm  splats  of 
Ti-50at%Al,  are  formed  in  a  region  of  the  pre¬ 
sently  accepted  phase  diagram  denoting  8  as  the 
primary  solidification  phase.  A  second  type  of 
microstructure  observed  in  all  powders  with  com¬ 
positions  between  38  and  42at£Al  is  single  phase 
martensite,  suggesting  the  formation  of  a  parent 
8  phase  from  the  liquid.  Ultrafine  powders  and 
splats  ranging  in  composition  from  10-45atZAl 
appear  to  solidify  to  relatively  homogeneous  8 
which  transforms  first  to  martensite  and  then 
orders  to  02  upon  cooling  in  the  solid  state. 


ORDERED  INTERMETALLIC  COMPOUNDS  have  long  been 
attractive  as  high  temperature  structural  mate¬ 
rials.  They  exhibit  strong  bonding,  often  par¬ 
tially  covalent  or  ionic,  which  translates  into 
stiffness  retention  at  higher  temperatures.  Fur¬ 
ther,  the  higher  activation  energies  for  diffu¬ 
sion  in  ordered  structures  account  for  improved 
creep/stress-rupture  behavior  as  well  as  other 
diffusion-controlled  properties  [1]. 

Titanium  aluminides  have  received  substan¬ 
tial  attention  in  the  search  for  lighter,  higher 


temperature  materials  for  aircraft  engines. 
Amongst  the  intermediate  phases  identifiable  in 
the  Ti-Al  phase  diagram  of  Figure  1,  TijAl  (DO^g) 
has  probably  been  the  subject  of  the  most  intense 
research,  e.g.  [3].  On  the  other  hand,  the  equi- 
atomic  TiAl  (LIq)  is  much  stiffer  than  TijAl, 
with  a  Voting's  modulus  at  1200  K  higher  than  that 
of  Ti  at  room  temperature  [4].  In  addition,  it 
has  adequate  creep  resistance  up  to  1300  K  and 
forms  an  alumina-rich  scale  that  could  allow  it 
to  serve  uncoated  up  to  about  1100  K  [1]. 

The  application  of  both  aluminides  is  limi¬ 
ted  by  their  low  temperature  brittleness  [5]. 
However,  the  ductility  of  TiAl  has  been  shown  to 
increase  rapidly  above  973  K  as  superdislocations 
become  unpinned  [6],  The  fabricability  of  these 
materials  is  further  hindered  by  a  tendency  to 
form  massive  embrittling  segregates  when  proces¬ 
sed  by  conventional  ingot  metallurgy. 

Rapid  solidification  (RSP)  offers  an  avenue 
to  circumvent  some  of  the  processing  problems  of 
intermetal lies  and  opens  new  "pathways"  to  alloy 
development.  For  example,  macrosegregation  pro¬ 
blems  are  eliminated  and  the  scale  of  the  micro- 
structural  features,  such  as  grain  sizes  and  den¬ 
dritic  spacings,  is  substantially  refined.  More¬ 
over,  a  potential  exists  for  enhancing  the  forma- 
bility  and  fracture  toughness  of  these  alloys  by 
RSP.  This  could  include  extended  solid  solubility 
of  ternary  additions,  production  of  metastable 
phases  from  the  melt  through  alternate  phase  se¬ 
lection  processes  and/or  incorporation  of  desir¬ 
able  second  phases  like  fine  dispersoids  and/or 
ductile  particles  [3,7]. 

The  goal  of  this  paper  is  to  explore  some  of 
the  potential  microstructural  benefits  of  rapid 
solidification  in  Ti-Al  alloys  containing  prima¬ 
rily  Ti3Al  and/or  TiAl  intennetallics  (30  -  50 
at£Al).  In  addition  to  their  practical  relevance, 
alloys  in  this  composition  range  offer  an  excel¬ 
lent  opportunity  for  fundamental  studies  on  the 
evolution  of  metastable  microstructures.  Availa¬ 
ble  thermodynamic  data  reveals  a  wealth  of  possi¬ 
bilities  for  metastable  phase  formation  both  dur¬ 
ing  solidification  as  well  as  the  ensuing  trans- 
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Fig.  1  -  Titanium- Aluminum  phase  diagram  showing  the  Tq  curve  and  metasta¬ 
ble  extensions  of  the  liquidus  and  solidus  lines  for  the  liquid-p  equili¬ 
brium.  Metastable  extension  of  the  c^CTigAl)  field  up  to  50atXAl  is  schema¬ 
tically  shown.  From  Ref.  {2]. 


formations  in  the  solid  state.  Topics  of  further 
interest  are  the  differences  in  solidification 
kinetics  and  in  mechanisms  of  solute  trapping 
between  ordered  and  disordered'  phases . 

The  first  part  of  this  paper  addresses  theo¬ 
retical  concepts  in  microstructural  evolution  as 
applied  to  the  Ti-Al  system.  The  conventional 
mode  of  solidification  with  local  equilibrium  at 
the  interface  is  briefly  reviewed  to  set  a  frame¬ 
work  for  the  analysis  of  metastable  effects  gene¬ 
rated  by  increasing  the  supercooling,  hence  soli¬ 
dification  rate.  Alternate  "pathways"  for  micro¬ 
structure  evolution  are  then  discussed  in  terms 
of  phase  selection  and  solute  redistribution. 

The  second  part  of  the  paper  deals  with  mi¬ 
crostructural  observations  in  rapidly  solidified 
powders  of  various  sizes  and  compositions.  Micro¬ 
chemical  characterization  of  powders  produced  by 
atomization  of  a  Ti-50atZAl  alloy  in  vacuum  re¬ 
vealed  A1  losses  in  the  droplets  which  resulted 
in  a  continuous  distribution  of  compositions  from 
10-50atZAl.  While  discouraging  from  a  processing 
point  of  view,  this  finding  provided  an  unusual 
opportunity  for  exploring  a  wide  range  of  alloys 
in  the  phase  diagram  under  identical  processing 
conditions.  The  powder  microstructures  are  dis¬ 
cussed  in  the  light  of  the  theoretical  concepts 
as  well  as  corollary  experimental  observations 
made  on  arc-melted  buttons  and  splats. 


THEORETICAL  CONSIDERATIONS 

SOLIDIFICATION  UNDER  LOCAL  EQUILIBRIUM  -  As 
a  first  step  in  describing  the  solidification  and 
subsequent  solid  state  transformation  "pathways" 
for  the  range  of  alloys  noted  above  we  start  with 
the  equilibrium  phase  diagram  shown  in  Figure  1. 
Dendritic  solidification  in  the  absence  of  bulk 
supercooling,  no  significant  barrier  to  nucle- 
ation,  and  local  equilibrium  at  the  solid-liquid 
interface  should  result  in  the  formation  of  dis¬ 
ordered  BCC  solid  solution  (f?)  followed  by  the 
transformation  of  the  interdendritic  liquid  into 
the  peritectic  phase  (y).  Figure  2  shows  the  so¬ 
lid  and  liquid  compositional  "pathways"  for  a 
Ti-40at%Al  alloy,  in  the  middle  of  the  range  of 
interest. 

If  there  were  no  significant  barriers  to  nu- 
cleation,  the  first  solid  to  form  (p)  would  have 
a  composition  kg  X0,  where  kg  *  0.9  is  the  equi¬ 
librium  partition  coefficient  for  the  L-*3  trans¬ 
formation,  and  XQ  =  0.4  is  the  initial  alloy  com¬ 
position.  As  solidification  proceeds  the  liquid 
and  solid  compositions  follow  the  equilibrium 
liquidus  and  3  solidus  lines  down  to  the  peritec¬ 
tic  temperature.  If  the  kinetic  hindrance  to  the 
nucleation  of  y-TiAl  were  also  negligible  within 
the  time  scale  of  the  process,  the  (3  dendrites 
would  be  immediately  surrounded  by  a  layer  of  y. 
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Fig.  2  -  Solidification  "pathway"  of  Ti-40at%Al 
at  conventional  (slow)  rates.  Local  interfacial 
equilibrium  and  negligible  nucleation  barriers 
for  both  phases  are  assumed. 
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Fig.  3  -  Weight  fraction  of  interdendritic  y  as  a 
function  of  alloy  composition  when  solidification 
occurs  with  formation  of  primary  g  phase.  Alloys 
beyond  53at%Al  are  expected  to  form  primary  y. 


preventing  further  progress  of  the  diffusion-con¬ 
trolled  invariant  reaction.  The  remaining  liquid 
would  thus  be  in  local  equilibrium  with  the  y 
phase  and  solidification  would  continue  down  the 
liquidus  and  y-solidus  lines.  The  resulting  mi¬ 
crostructure  should  consist  of  interdendritic  y 
in  a  matrix  of  primary  g  which  may  further  trans¬ 
form  in  the  solid  state. 


Solute  redistribution  in  this  case  can  be 
approximately  described  by  Scheil's  equation  [8]. 
Both  segregation  profile  and  weight  fraction  of 
interdendritic  y  can  thus  be  calculated.  Figure  3 
shows  the  calculated  weight  fraction  of  y  as  a 
function  of  initial  alloy  composition.  It  ranges 
from  0.005  to  1.0  for  alloys  between  30  and  53 
at%Al,  the  latter  being  the  reported  liquid  com¬ 
position  at  the  L  +  g  -*  y  peritectic. 

EXTENDED  SOLUBILITY  UNDER  LOCAL  EQUILIBRIUM 
The  first  form  of  metastability  beyond  conventio¬ 
nal  segregation  effects  would  be  introduced  if 
the  intermetallic  y  phase  does  not  nucleate  rea¬ 
dily  at  the  peritectic  temperature.  Solidifica¬ 
tion  may  still  occur  with  local  equilibrium  at 
the  interface,  following  the  metastable  exten¬ 
sions  of  liquidus  and  g-solidus  lines  shown  in 
Figure  1.  The  solute  concentration  in  g  would 
then  surpass  the  equilibrium  limit  of  Xgp  =  0.475 
and  the  weight  fraction  of  interdendritic  y  would 
be  lower  than  that  predicted  by  Figure  3.  It 
should  be  noted  that  under  these  conditions  the 
supersaturation  of  the  liquid  increases  progres¬ 
sively  and  may  eventually  reach  a  sufficiently 
high  level  to  promote  the  nucleation  of  y.  How¬ 
ever,  this  form  of  extended  solubility  could  also 
result  in  a  single  phase  structure,  especially 
for  the  lower  Al  contents,  because  the  volume 
fraction  of  y  may  be  significantly  reduced  due  to 
the  high  equilibrium  partition  coefficient  of  Al 
in  BCC  Ti. 

METASTABLE  PHASE  SELECTION  -  Alternate 
"pathways"  to  microstructure  evolution  in  these 
alloys  may  involve  the  suppression  of  interden¬ 
dritic  y  through  the  mechanism  described  above, 
as  well  as  the  formation  of  other  primary  phases 
from  the  liquid. 

Potential  metastable  solidification  "paths" 
in  Ti-Al  alloys  may  be  identified  with  the  cur¬ 
rently  available  thermodynamic  information  on  the 
Ti-Al  system  [9].  The  number  of  options  is  appa¬ 
rently  optimized  at  about  50at%Al.  According  to 
Murray's  evaluation  of  the  phase  diagram  [9], 
there  are  at  least  5  solid  phases  which  are  ther¬ 
modynamically  feasible  for  this  alloy  within  a 
150  K  temperature  range  below  the  equilibrium 
liquidus.  The  possible  phases  are  the  disordered 
solid  solutions  BCC  (g),  HCP  (a),  and  the  inter- 
raetallics  Llg  (y),  B2  and  DOjg  (02). 

The  driving  force  for  the  [partitionless] 
transformation  of  liquid  to  each  of  the  possible 
solid  phases  can  be  calculated  from  the  free  en¬ 
ergy  functions  in  ref.  [9].  A  phase  selection 
hierarchy  can  thus  be  mapped  out  as  a  function  of 
composition  and  temperature  (supercooling)  at  the 
moment  of  nucleation.  However,  the  predicted  liq¬ 
uidus  and  solidus  lines,  hence  the  Tq  curves,  de¬ 
viate  from  the  published  version  of  the  phase 
diagram.  Figure  1,  by  as  much  as  80  K  for  the  30 
to  50atZAl  composition  range.  Therefore,  we  have 
adopted  the  simpler  approach  of  tracing  the  Tq 
curves  bisecting  the  currently  accepted  two-phase 
fields.  Figure  4  shows  the  result  of  this  exer¬ 
cise.  The  map  has  been  limited  to  those  phases 


Fig.  4  -  Liquid-solid  phase  selection  hierarchy 
in  the  Ti-Al  system.  The  curves  dividing  the  dif¬ 
ferent  fields  are  the  Tg  temperatures  for  the 
L  -*•  (0,a,ir)  and  for  the  p  -*•  a,  p  -*•  y  and  a  ■*  y 
solid  state  transformations. 

which  have  been  reported  to  form  from  the  liquid 
i.e.  p,  a  and  y  [10,11]. 

Figure  4  indicates  that  for  small  supercool¬ 
ings  the  primary  phase  selection  should  change 
from  p  to  y  at  approximately  50at%Al.  Further¬ 
more,  all  three  phases  become  thermodynamically 
feasible  within  MSO  K  supercooling  below  the  L-»f5 
Tq  curve  in  the  35-50at%Al  composition  range. 
Since  the  curves  are  very  close  to  one  another  at 
''-50atZAl,  there  is  a  higher  probability  of  form¬ 
ing  metastable  phases  from  the  liquid  about  this 
composition. 

The  intermetallic  y  exhibits  the  strongest 
driving  force  for  solidification  above  ,'<50atZAl 
in  Figure  4.  Note,  however,  that  y  is  an  ordered 
phase  and  its  transformation  kinetics  is  likely 
to  be  more  sluggish  than  that  of  either  disorder¬ 
ed  phase,  and  so  it  could  be  readily  superseded 
by  metastable  p  or  a. 

Alloys  lean  in  aluminum  exhibit  the  strong¬ 
est  tendency  for  p  formation  from  the  liquid.  On 
the  other  hand,  the  existing  thermodynamic  data 
suggests  that  the  likelihood  of  forming  metasta¬ 
ble  a  should  increase  with  aluminum  content .  How¬ 
ever,  note  in  Figure  4  that  the  level  of  super¬ 
coolings  necessary  to  make  a  the  thermodynamical¬ 
ly  preferred  phase  (i.e.  nucleation  below  the  p-nx 
curve)  are  probably  unachievable  in  practical 
atomization.  Thus,  the  potential  selection  of  a 
over  p  must  rely  on  kinetic  factors.  The  probabi¬ 
lity  for  a  metastable  phase  nucleating  earlier 
than  the  stable  one  depends  on  the  characteris¬ 
tics  of  the  available  sites  for  nucleation 
("motes")  as  well  as  any  differences  in  the  liq¬ 


uid-solid  interfacial  energies  [12].  Furthermore, 
when  two  phases  have  competitive  nucleation  kine¬ 
tics,  the  dominant  one  will  be  determined  by  the 
differences  in  growth  velocities,  which  depend  on 
the  driving  force  for  solidification  and  the  dif¬ 
ficulty  of  the  transport  processes  at  the  inter¬ 
face.  For  example,  it  is  possible  in  principle  to 
explain  why  ordered  phases  may  be  superseded  by 
disordered  ones  based  on  the  easier  interfacial 
rearrangement  of  the  latter.  On  the  other  hand, 
when  two  disordered  phases  are  competing  the  li¬ 
miting  rates  for  interfacial  rearrangement  are 
likely  to  be  similar. 

To  a  first  approximation,  the  driving  force 
for  solidification  in  the  absence  of  solute  par¬ 
titioning  may  be  given  by  [13] 

4G  %  (iHg/Tg)  (Tg  -  T)  (1) 

where  AHg  is  the  latent  heat  of  the  alloy  at  the 
Tg  temperature.  It  should  be  noted  that  the  en¬ 
tropy  of  solidification  AHg/Tg  is  significantly 
larger  for  a  than  for  p  in  the  composition  range 
of  interest.  For  example,  at  50atZAl,  AHg/Tg  is 
11.1  J/mole  K  for  a  and  7.2  J/mole  K  for  p.  This 
suggests  that  if  a  were  to  nucleate  preferential¬ 
ly,  its  growth  would  be  sufficiently  rapid  to  en¬ 
sure  its  survival  even  if  p  were  to  appear  short¬ 
ly  thereafter. 

DEPARTURE  FROM  LOCAL  INTERFACIAL  EQUILIBRIUM 
One  of  the  benefits  of  RSP  is  the  potential  for 
extending  solid  solubility  beyond  the  metastable 
equilibrium  solidus.  This  is  of  interest  not  only 
for  enhancing  the  chemical  homogeneity  of  the  re¬ 
sulting  product,  but  more  importantly  as  a  means 
to  produce  fine  dispersions  of  stable  phases 
which  may  be  used  for  high  temperature  strength¬ 
ening.  In  the  optimum  case  it  is  desirable  to 
produce  a  microsegregation-free,  supersaturated 
solid  of  the  same  composition  as  the  liquid.  Al¬ 
though  most  cases  of  interest  would  involve  a 
multiplicity  of  ternary  additions,  there  are  no 
available  treatments  of  these  problems  at  the 
present  time.  We  will  thus  examine  the  relevant 
concepts  in  solute  partitioning  for  the  case  of 
binary  Ti-Al  alloys. 

Thermodynamics  imposes  strict  limitations  on 
the  range  of  solid  compositions  that  can  form 
from  a  liquid  of  composition  XQ  [14].  At  the  liq- 
uidus  temperature  the  only  feasible  composition 
is  that  predicted  by  the  equilibrium  solidus.  In¬ 
creasing  the  interfacial  supercooling  progres¬ 
sively  expands  the  range  of  thermodynamically  vi¬ 
able  solids.  Partitionless  solidification  is  only 
allowed  below  a  critical  temperature,  Tg,  wherein 
the  free  energies  of  the  solid  and  liquid  phases 
are  equal  [15].  The  Tg  curve  for  the  L-BCC  equi¬ 
librium  in  the  Ti-Al  system  is  plotted  on  the 
phase  diagram  of  Figure  1. 

Maintaining  the  interfacial  temperature  be¬ 
low  Tg  is  a  necessary  but  not  a  sufficient  con¬ 
dition  to  obtain  partitionless  solidification. 

If  the  equilibrium  partition  coefficient  at  any 
supercooling  is  different  from  unity,  there  is  a 
thermodynamic  driving  force  for  segregation  even 


though  the  system  may  be  below  its  equilibrium 
solidus.  However,  for  partitioning  to  occur  the 
solute  must  be  able  to  diffuse  away  from  the  ad¬ 
vancing  interface. 

Increasing  solidification  rate  results  in 
progressive  trapping  of  solute  as  the  time  avail¬ 
able  for  diffusion-controlled  partitioning  is 
shortened.  The  partition  coefficient  is  thus  be¬ 
lieved  to  be  a  monotonic  function  of  interface 
velocity  [16],  although  the  relevant  parameters 
in  the  relationship  are  unknown  for  most  systems. 
In  addition,  current  treatments  of  solute  trap¬ 
ping  were  developed  for  dilute  systems  and  are 
not  directly  applicable  to  ordered  phases.  Fur¬ 
ther  analysis  of  the  mechanisms  of  solute  redis¬ 
tribution  and  trapping  in  ordered  compounds  is 
necessary  before  a  quantitative  description  of 
the  phenomenon  can  be  properly  addressed. 

The  critical  variables  in  preventing  solute 
partitioning  are  thus  interfacial  temperature  and 
velocity,  which  are  related  to  each  other  by  the 
attachment  kinetics.  In  the  case  of  pure  metals 
and  disordered  solid  solutions  the  attachment 
kinetics  is  commonly  assumed  to  be  only  limited 
by  the  collision  of  atoms  with  the  interface! 17 ] . 
It  is  likely,  however,  that  the  growth  of  an  or¬ 
dered  phase  may  involve  a  significant  kinetic 
hindrance.  Hence,  the  interface  velocities  at 
comparable  supercoolings  may  be  much  lower  than 
those  for  a  disordered  phase. 

It  is  well  known  that  solidification  of  su¬ 
percooled  droplets  involves  a  rising  interfacial 
temperature  due  to  the  limitations  in  dissipa¬ 
ting  the  evolving  heat  of  fusion  [18].  Therefore, 
the  extent  of  fulfillment  of  the  thermodynamic 
and  kinetic  conditions  for  partitionless  solidi¬ 
fication  depends  on  the  evolution  of  the  inter¬ 
facial  temperature  and  velocity  as  the  transfor¬ 
mation  progresses,  i.e.  the  thermal  history. 

THERMAL  HISTORY  AND  SOLUTE  REDISTRIBUTION  - 
The  thermal  history  of  different  solidification 
modes  can  be  conveniently  described  on  an  enthal¬ 
py-temperature  diagram  [18]  such  as  that  for  Ti, 
Figure  5.  In  a  system  that  is  sufficiently  small 
to  preclude  the  development  of  internal  tempera¬ 
ture  differences,  the  enthalpy  can  be  taken  as 
the  additive  contributions  of  the  liquid  and  so¬ 
lid  portions  of  the  system.  If  the  enthalpy  is 
normalized  by  the  heat  of  fusion,  Alfy,  and  the 
temperature  differential  with  the  melting  point, 
(T-T^),  is  normalized  by  a  characteristic  super¬ 
cooling,  AHj^/Cl,  where  Cl  is  the  heat  capacity  of 
the  liquid,  we  obtain  a  generalized  diagram  where 
the  only  difference  between  pure  materials  is  a 
slight  variation  in  the  slope  of  the  solid  en¬ 
thalpy  line.  The  melting  temperature  of  pure  Ti 
is  designated  by  the  0  *  0  isotherm  in  Figure  5. 
Since  the  enthalpy  of  pure  Ti  liquid  at  its  melt¬ 
ing  temperature  is  designated  as  the  reference 
state  in  this  diagram,  the  dimensionless  enthal¬ 
pies  of  the  liquid  and  BCC  Ti  phases  at  this  tem¬ 
perature  are  zero  and  minus  one,  respectively. 

Two  extreme  solidification  paths  can  be  il¬ 
lustrated  on  the  upper  part  of  Figure  5  corres¬ 
ponding  to  pure  Ti.  Solidification  near  equili- 
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Fig.  5  -  Calculated  enthalpy-temperature  diagram 
for  the  liquid  and  BCC  solid  phases  of  pure  Ti 
and  the  Ti-40atZAl  alloy.  Hypercooling  tempera¬ 
tures  are  1600  K  (8u  *  -1.0)  for  pure  Ti,  and 
1471  K  (9jj0  =  -1.37)  and  1441  K  (0HS  =  -1.46)  for 
the  alloy.  The  thermodynamic  data  used  is  from 
reference  [9]. 

brium  takes  place  in  an  isothermal  fashion  follo¬ 
wing  the  6=0  isotherm.  On  the  other  hand,  if 
the  liquid  is  supercooled  until  an  amount  of  en¬ 
thalpy  equivalent  to  the  heat  of  fusion  has  been 
removed,  0  *  6jj,  the  system  can  solidify  adiaba- 
tically  following  a  horizontal  path  at  *  -1.0 
and  the  liquid  is  said  to  be  hypercooled.  Note 
that  upon  adiabatic  solidification,  the  latent 
heat  released  must  be  completely  transformed  into 
sensible  heat,  resulting  in  recalescence. 

A  more  common  situation  in  rapid  solidifica¬ 
tion  is  one  wherein  nucleation  occurs  at  some  in¬ 
termediate  supercooling,  %  <  0N  <  0,  and  heat  is 
continuously  extracted  from  the  system.  The  ther¬ 
mal  history  is  then  a  function  of  the  initial  su¬ 
percooling  and  the  relative  rates  at  which  heat 
is  generated,  related  to  the  interfacial  kine¬ 
tics,  and  that  at  which  heat  is  removed,  depen- 


dent  on  the  efficiency  of  the  external  cooling. 

In  many  pure  metals  and  disordered  phases 
the  attachment  kinetics  is  so  active  that  little 
heat  can  be  removed  in  the  time  scale  of  the  pro¬ 
cess.  Thus,  the  system  recalesces  in  an  almost 
adiabatic  fashion  up  to  a  temperature  at  which 
the  rates  of  latent  heat  release  and  removal  can 
be  balanced.  Interface  velocities  are  much  higher 
during  than  after  recalescence,  and  rapid  solidi¬ 
fication  is  not  associated  with  high  cooling 
rates,  but  high  heating  rates.  On  the  other  hand, 
if  the  alloy  were  to  grow  in  an  ordered  fashion, 
the  kinetics  might  be  more  sluggish  and  the  ex¬ 
ternal  heat  transfer  could  be  sufficiently  compe¬ 
titive  to  slow  down  the  recalescence. 

Given  the  irrelevant  role  of  external  heat 
extraction  during  recalescence,  the  key  to  meta¬ 
stable  phase  formation  and  increased  solute  su¬ 
persaturation  is  to  enhance  the  supercooling 
prior  to  nucleation.  Dividing  the  metal  into  fine 
droplets  is  a  common  approach  in  achieving  large 
supercoolings  since  the  heterogeneous  nucleation 
catalysts  are  isolated  into  a  small  fraction  of 
the  total  volume  [12].  Decreasing  the  size  of  the 
droplets  further  increases  undercoolability  by 
both  reducing  the  time  available  for  nucleation 
and  the  volume  of  material  in  which  a  successful 
nucleation  event  can  take  place.  It  is  commonly 
assumed  that  the  enhanced  cooling  rate  associated 
with  decreasing  the  particle  size  plays  a  more 
important  role  in  suppressing  the  onset  of  nucle¬ 
ation  than  in  slowing  down  the  recalescence.  How¬ 
ever,  recent  calculations  reveal  that  achievable 
supercoolings  are  primarily  dependent  on  the  na¬ 
ture  of  the  active  nucleation  sites  and  the  bene¬ 
fits  from  increasing  cooling  rate  are  relatively 
modest  [19]. 

Consider  now  the  changes  in  the  thermal  cha¬ 
racteristics  of  the  system  introduced  by  the  ad¬ 
dition  of  an  alloying  element.  The  enthalpies  of 
the  liquid  and  the  BCC  Ti-40at%Al  solid  solution, 
calculated  from  the  best  thermodynamic  informa¬ 
tion  available  at  this  time  [9],  are  compared 
with  the  equivalent  data  for  pure  Ti  in  Figure  5. 
The  liquid  and  solid  enthalpy  lines  for  the  alloy 
are  displaced  downward  because  the  dimensionless 
variables  are  referred  to  the  pure  Ti  at  its 
melting  point.  The  negative  deviations  result 
mainly  from  the  large  contributions  of  the  non¬ 
ideal  mixing  as  well  as  the  replacement  of  half 
the  Ti  atoms  in  the  BCC  lattice  with  Al,  which 
has  a  lower  heat  of  fusion  than  Ti. 

The  major  effect  of  alloying  on  the  thermal 
behavior  of  the  system  during  solidification  is 
associated  with  changes  in  the  heat  of  fusion. 

A*1  effective  heat  of  fusion  is  defined  as  the 
enthalpy  difference  between  liquid  and  solid  at 
their  equilibrium  liquidus  and  solidus  tempera¬ 
tures,  respectively.  It  consists  of  a  latent  heat 
component,  which  is  the  vertical  distance  between 
liquid  and  solid  enthalpy  lines  at  the  solidus 
temperature,  and  a  sensible  heat  component  asso¬ 
ciated  with  the  melting  range. 

As  in  the  pure  metal,  a  hypercooled  regime 
may  be  reached  when  all  the  effective  heat  of 
fusion  has  been  removed  from  the  system  prior  to 


Fig.  6  -  Critical  supercoolings  to  reach  metasta¬ 
ble  hypercooling  of  a  and  g  phases  in  Ti-Al  al¬ 
loys.  Thermodynamic  data  is  from  ref.  [9]. 


nucleation  and  recalescence  produces  a  solid  at 
or  below  its  solidus  temperature.  On  the  other 
hand,  one  may  define  a  critical  supercooling  to 
prevent  adiabatic  recalescence  above  the  Tq  tem¬ 
perature,  thus  ensuring  that  the  thermodynamic 
condition  for  partitionless  solidification  is 
fulfilled  at  all  times.  The  system  could  in  prin¬ 
ciple  solidify  adiabatically,  but  recalescence 
would  result  in  a  metastable  solid  which  would 
have  to  be  rapidly  cooled  below  Tg  to  prevent  re¬ 
melting.  Thus,  stable  (T^jg)  and  metastable  (Tjjq) 
hypercooling  temperatures  can  be  defined  for  the 
Ti-Al  alloy  of  Figure  5  ( ®HS  and  ®H0  in  dimen* 
sionless  terms).  Figure  6  shows  the  critical  nu¬ 
cleation  temperatures  to  achieve  metastable  hy¬ 
percooling  for  the  a  and  g  phases  within  the  com¬ 
position  range  of  interest.  Note  that  a  requires 
much  higher  supercoolings  before  complete  parti¬ 
tionless  solidification  may  become  feasible  due 
to  the  much  higher  latent  heat  predicted  from  the 
thermodynamic  functions. 


MICROSTRUCTURAL  OBSERVATIONS 


EXPERIMENTAL  -  The  materials  used  in  this 
research  were  arc-melted  from  high  purity  Ti 
sponge  (99.98%,  <700  ppm  O2)  and  A1  pellets 
(99.99%).  Melting  was  done  under  argon  processed 
through  a  desiccator  and  an  oxygen  getter;  the 
oxygen  content  of  the  furnace  atmosphere  was 
maintained  below  10- ^  ppm.  The  material  was  pro¬ 
cessed  by  a  container less  electrohydrodynamic 
(EHD)  atomization  technique  [20]  using  thin  rods 
cut  from  the  buttons  by  electro-discharge  machin¬ 
ing.  Powders  ranging  in  size  from  about  10  nm  to 
over  300  pm  were  collected  and  examined  by  X-ray 
diffraction,  scanning  and  transmission  electron 
microscopy.  In  addition,  microsplats  were  genera¬ 
ted  by  impacting  ultrafine  supercooled  droplets 
on  a  copper  substrate  during  atomization.  Larger 
splats  were  produced  in  a  hammer  and  anvil  device 
under  an  Ar  atmosphere  of  similar  purity. 

MICROSTRUCTURES  OF  COARSE  POWDERS  -  Cross 
sectional  views  of  coarse  powder  (38  to  ''■300  pm) 
microstructures  examined  are  shown  in  Figure  7. 
The  structures  range  from  distinctly  dendritic  to 
martensitic,  the  latter  appearing  as  single  phase 
or  wiun  varying  degrees  of  second  phase  segre¬ 
gate.  A  relatively  small  fraction  of  single  phase 
powders  with  no  discernible  evidence  of  marten¬ 
site  were  also  detected.  Table  1  summarizes  the 
incidence  of  the  different  microstructures  as 
a  function  of  particle  size. 

Table  1  -  Microstructures  detected  in  Ti-Al 
alloys  between  38  and  50at%Al. 

(%  of  total  particles  in  range) 

Size  Range  (pm) 


150-300 

106-149 

75-105 

53-74 

Dendritic 

85 

52 

40 

37 

Martensitic 

13 

44 

52 

51 

Featureless 

2 

4 

10 

12 

EDX  analysis  revealed  average  composition 
variations  ranging  from  38  to  50at%Al.  Dendritic 
powders  have  an  average  composition  of  48-50at%Al 
and  exhibit  arm  spacings  on  the  order  of  7- 10pm, 
Figure  7(b).  Martensitic  powders  have  an  average 
composition  of  38  to  48at%Al  and  are  commonly 
single  phase.  Figure  7(c),  although  those  in  the 
higher  compositions  (>42at%Al)  tend  to  show  small 
amounts  of  segregate.  Featureless  single  phase 
powders  are  typically  in  the  40-44at%Al  range. 

The  composition  variations  in  the  powders 
are  due  to  superheat  coupled  to  the  vacuum  envi¬ 
ronment  unique  to  the  EHD  atomization  technique, 
which  results  in  evaporation  of  A1  from  the  liq¬ 
uid  pool  as  well  as  from  the  molten  droplets. 
Increasing  surface  to  volume  ratio  with  decreas¬ 
ing  powder  size  results  in  a  corresponding  de¬ 
crease  in  aluminum  content,  and  a  lower  incidence 
of  the  dendritic  morphology.  As  a  consequence  of 
this  observation,  microstructural  analysis  of 
each  individual  powder  microstructure  was  pre- 


Fig.  7  -  Polished  section  of  EHD  powder  reveal¬ 
ing  at  least  two  distinct  solidification  morpho¬ 
logies  (a),  (b)  is  a  typical  dendritic  micro¬ 
structure  and  (c)  is  a  single  phase  martensitic 
microstructure. 


20/Degrees 

Fig.  8  -  X-ray  diffraction  scans  of  the  as-cast 
button  and  EHD  atomized  powders  in  the  coarsest 
and  finest  size  ranges.  Note  the  reduction  in  the 
(lll)y  peak  and  the  enhancement  of  the  (201)ci2 
peak  from  the  button  to  the  finer  powder. 


ceeded  with  EDX  analysis  of  its  average  composi¬ 
tion.  The  initial  alloy  composition  of  the  arc- 
melted  buttons  used  for  the  production  of  the 
powders  was  verified  to  be  within  0.5 X  of  the 
stoichiometric  Ti-50at%Al. 

X-ray  diffraction  analysis  of  the  buttons 
and  powders  in  two  extreme  size  ranges,  >150  pm 
and  38-53  pm,  are  shown  in  Figure  8.  The  phases 
detected  in  all  cases  were  the  ordered  interme- 
tailics  02  plus  y,  which  are  the  equilibrium  pha¬ 
ses  expected  from  the  phase  diagram  for  composi¬ 
tions  between  35  and  49at%Al.  It  should  be  noted 
that  the  distinction  between  a  and  a 2  by  X-ray 
diffraction  was  not  always  conclusive  as  the  su- 
perlatticc.  reflections  of  DO^g  have  inherently 
low  intensities  and  sometimes  overlap  with  the 
stronger  y  peaks.  The  identification  of  the  phase 
as  02  was  primarily  supported  by  TEM  work. 

A  relative  measurement  of  the  proportion  of 
these  phases  in  the  microstructures  may  be  ob¬ 
tained  by  comparing  the  (201  )a2  anci  the  (lll)y 
peaks,  which  correspond  to  the  100%  intensity  re¬ 
flections  for  both  phases.  The  (lll)y  peak,  which 
overlaps  with  the  (002)a2  peak,  is  much  stronger 
in  the  button  pattern,  even  though  the  relative 
sensitivity  scale  was  lower  than  that  used  for 
the  powders.  On  the  other  hand,  the  (201 )a2  peak 
is  clearly  dominant  in  the  finer  powder  pattern 
but  not  very  pronounced  in  the  button.  One  may 
thus  conclude  that  the  y  phase  is  predominant  in 
the  as-cast  structure  of  the  arc-melted  button 
while  the  finer  powders  are  primarily  c^. 

The  microstructure  of  the  Ti-50at%Al  arc- 
melted  buttons  is  dendritic  with  spacings  on  the 
order  of  20-25  pm,  as  shown  in  Figure  9.  TEM  ana¬ 
lysis  [10]  confirmed  the  X-ray  finding  that  the 
structure  consists  of  y  +  a2.  The  core  of  the 
dendrite  exhibits  a  lath  structure  of  y-j.  twins 
intermixed  with  02,  see  Figure  10.  The  designa¬ 
tion  of  yq.  denotes  y  formed  from  solid  state 
transformation.  The  interdendritic  region  con¬ 
sists  of  twin-free  grains  of  y.  Average  composi¬ 
tions  of  these  constituents  were  47at%Al  for  the 
dendrite  core  and  55at%Al  for  the  segregate. 

A  rather  surprising  observation  in  the  but¬ 
ton  microstructures  is  shown  in  Figure  11.  These 
are  SEM  views  of  a  shrinkage  cavity  which  reveal 
that  the  dendrite  arms  are  not  orthogonal,  as 
would  be  expected  in  the  solidification  of  prima¬ 
ry  p,  but  generally  lie  at  60°  with  respect  to 
each  other.  Furthermore,  the  surface  relief  in 
this  figure  correlates  with  the  y^o^  lath  struc¬ 
ture  of  the  dendrite  cores  shown  in  Figure  10. 

One  may  thus  conclude  that  while  the  dendrite  mi¬ 
crostructures  of  polished  samples  in  Figure  9(a) 
do  not  unequivocally  reveal  a  hexagonal  growth 
pattern,  the  combination  of  angled  dendrite  arms 
in  this  figure  and  the  SEM  views  in  Figure  11  in¬ 
dicate  formation  of  a  dendrites  during  solidifi¬ 
cation  surrounded  by  y  segregate.  Also,  the  cal¬ 
culated  weight  fraction  of  y  in  Figure  3,  where 
the  primary  phase  is  assumed  to  be  disordered  g, 
is  0.56  for  50at%Al,  whereas  measured  interden¬ 
dritic  y  in  the  button  is  Ml.  12. 

The  coarse  dendritically  solidified  EHD  pow¬ 
ders  exhibit  structures  similar  to  those  of  the 
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rig.  9  -  Microstructure  of  arc-melted  button  of 
Ti-50atZAl  alloy.  Primary  dendrites  have  trans¬ 
formed  to  a  lath  structure  and  are  surrounded  by 
interdendr itic  segregate  (y). 
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Fig.  11  -  SEM  views  of  a  shrinkage  cavity  in  a 
Ti-50at£Al  arc-melted  button  where  hexagonal  den 
drites  are  shown  to  grow  from  the  liquid.  The 
surface  striations  are  parallel  to  the  basal 
plane  of  the  a  dendrite.  (From  reference  [10]). 
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Fig.  10  -  TEM  view  of  lath  structure  characteris¬ 
tic  of  dendrite  cores  in  the  arc-melted  button. 
The  laths  consist  of  y  twins  and  a2  intermixed 
layers  parallel  to  the  basal  plane  of  a2  (10]. 


Fig.  12  -  Microstructure  of  dendritically  solidi 
fied  powder  (48-50atZAl)  with  a  lath  dendritic 
core  and  y  segregate.  Note  the  similarity  to  the 
button  structure  in  Figure  9(b). 
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arc-melted  buttons,  albeit  with  finer  arm  spac- 
ings.  Figure  12  shows  an  example  of  (transformed) 
ITt  +  a2  dendrites  surrounded  by  interdendritic  y. 
The  finer  dendrite  spacings  (7-10  pm)  are  consis¬ 
tent  with  reduction  in  local  solidification  time 
as  the  size  of  the  "casting"  decreases.  However, 
the  benefits  are  somewhat  limited  by  the  modest 
cooling  rates  characteristic  of  atomization  in 
vacuum  (lO^-lO^  K/s  for  the  coarse  powders). 

A  more  significant  difference  between  the 
microstructures  of  buttons  and  coarse  powders  is 
an  apparent  reduction  in  the  amount  of  interden¬ 
dritic  y  phase,  from  0.12  to  0.07.  In  addition, 
the  average  composition  of  the  transformed  den¬ 
drites,  determined  by  EDX,  is  slightly  higher 
(49at%Al)  than  that  of  the  button,  and  that  of 
the  interdendritic  y  is  correspondingly  lower 
(53at%Al).  This  is  consistent  with  a  solidifica¬ 
tion  "path"  in  which  the  thermally-activated  nu- 
cleation  of  is  delayed  by  the  faster  cooling 
prevalent  in  the  powders.  The  average  composition 
of  the  primary  phase  increases  as  the  solubility 
is  extended  along  its  metastable  solidus. 

Perepezko  et  al  [11]  have  recently  found 
that  phases  other  than  BCC  can  be  competitive 
during  the  solidification  of  TiAl.  They  detected 
evidence  of  hexagonal  dendritic  growth  (L-kx)  in 
metallographic  sections  of  drop-tube  processed 
TiAl  powders.  Similar  structures  have  been  ob¬ 
served  by  the  authors  on  TiAl  splats  produced  in 
a  hammer  and  anvil  device,  see  Figure  13. 

Microstructural  observations  of  coarse  EKD 
powders  in  Figure  7(a)  reveal  that,  in  addition 
to  the  dendritic  structure  of  Figure  7(b)  and  12, 
there  are  particles  that  show  a  radically  diffe¬ 
rent  response  to  etching,  Figure  7(c).  These  sin¬ 
gle  phase  powders  appear  to  be  homogeneous  in 
composition  and  have  a  structure  characteristic 
of  the  martensitic  transformation.  Extensive  mi¬ 
crochemical  analysis  of  these  powders  has  re¬ 
vealed  that  they  are  depleted  in  aluminum  and 
range  in  composition  from  38  to  42at%Al.  It  is 
suggested  that  the  powders  solidified  as  disor¬ 
dered  8  and  then  transformed  to  hexagonal  marten¬ 
site  (a')  upon  cooling  in  the  solid  state.  As 
previously  noted,  there  are  more  complex  va¬ 
riants  of  these  microstructures  as  well  as  "fea¬ 
tureless"  powders  which  are  still  under  investi¬ 
gation. 

MICROSTRUCTURES  OF  ULTRAFINE  POWDERS  AND 
SPLATS  -  Typical  microstructures  of  ultrafine 
(<1  urn)  powders  and  splats  produced  by  EHD  are 
shown  in  Figure  14.  Microchemical  analysis  on 
several  splats  reveals  a  composition  between  38 
and  45at%Al.  These  were  solidified  on  a  copper 
substrate  introduced  in  the  flight  path  of  the 
liquid  droplets.  The  original  droplet  sizes  cal¬ 
culated  from  splat  thickness  and  diameters  were 
on  the  order  of  M  pm.  The  ultrafine  (<0.5  pm) 
powders  had  a  composition  range  of  10  to  33at%Al, 
consistent  with  increasing  aluminum  loss  due  to 
the  higher  surface  area  and  the  longer  flight 
t  imes . 

The  diffraction  patterns  index  consistently 
to  a  hexagonal  lattice  and,  where  enough  informa- 


Fig.  13  -  Microstructure  of  a  hammer  and  anvil 
splat  clearly  showing  hexagonal  dendritic  growth 
on  the  surface.  Note  the  60°  angle  between  pri¬ 
mary  and  secondary  arms. 

tion  could  be  gathered,  to  the  (DO^g)  structure 
of  a2-  In  general,  powders  and  splats  show  a  lath 
microstructure,  albeit  with  variations  in  morpho¬ 
logy  and  scale  from  one  to  another.  While  detec¬ 
tion  of  the  solidification  grain  structure  is 
obscured  by  the  solid-state  transformation,  pow¬ 
ders  like  the  one  in  Figure  14(a)  appear  to  have 
solidified  from  a  single  nucleation  event.  Most 
splats,  which  are  larger  in  volume  and  solidified 
on  a  copper  substrate,  show  evidence  of  multiple 
nucleation  with  a  grain  size  on  the  order  of 
500  nm,  see  Figure  14(b). 

A  potential  path  to  these  microstructures 
involves  the  partitionless  solidification  of  liq¬ 
uid  into  BCC  which  transforms  to  martensite  upon 
cooling  from  the  maximum  recalescence  tempera¬ 
ture.  As  the  supersaturated  hexagonal  martensite 
cools  further  it  enters  the  T^Al  phase  field, 
see  Figure  1.  Thus,  it  has  the  option  of  ordering 
to  the  hexagonal  DO^g  structure,  requiring  only 
short-range  atomic  rearrangements.  Although  there 
is  no  BCC  phase  left  in  the  microstructure,  the 
sequence  of  events  is  supported  by  preliminary 
observations  of  an  APB  sub-structure  inside  the 
laths,  which  would  suggest  ordering  from  a  disor¬ 
dered  hexagonal  structure  whose  morphology  is 
consistent  with  the  martensitic  transformation  of 
g-Ti. 


SUMMARY  OF  SOLIDIFICATION  "PATHS” 

Microstructure  evolution  in  rapidly  solidi¬ 
fied  Ti-Al  alloys  offers  a  number  of  variants 
that  open  a  host  of  possibilities  for  future  al¬ 
loy  development.  This  could  include  selective 
addition  of  ternary  elements  which  would  promote 
formation  of  alternate  primary  phases,  disper¬ 
sions  and  other  second  phases.  Thus,  the  subse¬ 
quent  behavior  of  these  alloys  during  consolida¬ 
tion  and  service  may  be  improved. 


To  summarize  the  potential  solidification 
"paths"  we  can  separate  the  problem  into  phase 
selection  and  solute  redistribution.  Arc-melted 
buttons  of  Ti-50atZAl  form  primary  a  dendrites 
and  interdendritic  y  segregate.  The  a  phase  sub¬ 
sequently  transforms  to  yq-  +  a2.  Thus,  the 
transformation  "path"  can  be  denoted  as: 

L  -  a+L  -  a  +  y  -  yT  +  a2  +  y 

Dendritic  Ti-( A8-50 )at%Al  coarse  powders 
show  as-solidified  microstructures  similar  to  the 
arc-melted  buttons  albeit  with  a  lower  fraction 
of  interdendritic  y.  However,  the  dendritic  mor¬ 
phology  does  not  unequivocally  correspond  to  the 
hexagonal  patterns  observed  in  the  buttons  and 
hammer  and  anvil  splats.  One  could  postulate  that 
the  primary  phase  may  have  been  8  which  subse¬ 
quently  transformed  to  a  and  then  to  the  y-j  +  a2 
lath  structure.  If  a  is  a  metastable  phase  in 
this  range,  however,  it  is  difficult  to  justify 
that  the  higher  cooling  rates  in  the  powders  led 
to  the  stable  (3  phase  while  the  buttons  formed 
the  metastable  a. 

Current  thermodynamic  information  suggests 
that  supercoolings  of  50-80K  below  the  equili¬ 
brium  8  liquidus  are  required  for  the  formation 
of  primary  a  from  the  liquid  (Figure  4),  not  a 
likely  event  in  arc-melted  buttons.  Hence,  more 
accurate  thermodynamic  data  is  needed  before  this 
inconsistency  can  be  resolved. 

Coarse  powders  of  38-42at%Al  with  uniform 
martensitic  structures  are  believed  to  follow 
the  transformation  path 

L  -  6  -  a' 

with  possible  subsequent  ordering  of  the  hexago¬ 
nal  a'  to  a2  (DOjg).  Solidification  in  the  ab¬ 
sence  of  supercooling  and  no  hindrance  to  nucle- 
ation  at  the  peritectic  temperature  predicts  vo¬ 
lume  fractions  of  y  between  0.04  and  0.10  for 
this  composition  range.  Therefore,  these  powders 
were  either  initially  supercooled  to  the  extent 
of  producing  significant  solute  trapping,  or  the 
nucleation  of  y  was  suppressed  while  solidifica¬ 
tion  occurred  with  local  interfacial  equilibrium 
following  the  metastable  extensions  of  the  g  liq¬ 
uidus  and  solidus,  as  previously  notea. 

It  is  expected  that  fine  powders  and  splats 
experienced  significant  supercoolings  prior  to 
solidification  of  primary  g.  The  lower  A1  con¬ 
tents  in  these  particulates  coupled  with  the  sig¬ 
nificantly  higher  calculated  jupercoolings  for  a 
formation,  see  Figure  4,  lend  credence  to  the 
transformation  "path"  similar  to  that  of  the  mar¬ 
tensitic  coarse  powders. 
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ABSTRACT 

Solidification  microstructures  of  arc-melted,  near-equiatomic  TiAl  alloys 
containing  boron  additions  are  analyzed  and  compared  with  those  of  binary 
Ti-Al  and  Ti-B  alloys  processed  in  a  similar  fashion.  With  the  exception  of 
the  boride  phase,  the  matrix  of  the  ternary  alloy  consists  of  the  same  02 
(DO^g)  and  y  (L1q)  intermetallic  phases  found  in  the  binary  Ti-50at%Al  alloy. 
On  the  other  hand,  the  boride  phase,  which  is  TiB  (B27)  in  the  binary  Ti-B 
alloys,  changes  to  TiB2  (C32)  with  the  addition  of  Al.  The  solidification  path 
of  the  ternary  alloys  starts  with  the  formation  of  primary  a  (A3)  for  an  alloy 
lean  in  boron  (^latZ),  and  with  primary  TiB2  for  a  higher  boron  concentration 
C*'* 5atZ ).  In  both  cases  the  system  follows  the  liquidus  surface  down  to  a  mono¬ 
variant  line  where  both  a  and  TiB2  are  solidified  concurrently.  In  the  final 
stage,  the  a  phase  gives  way  to  y,  presumably  by  a  per itectic- type  reaction 
similar  to  the  one  in  the  binary  Ti-Al  system.  Upon  cooling,  the  a  dendrites 
order  to  02  and  later  decompose  to  a  lath  structure  consisting  of  alternating 
layers  of  y  and  c^. 

1  M.  Hyman  is  Research  Assistant  and  C.  McCullough  and  J.J.  Valencia  are 
Assistant  Research  Engineers,  Materials  Department;  C.G.  Levi  is  Asso¬ 
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INTRODUCTION 

Titanium  aluminides  are  under  investigation  as  candidate  materials  for 
advanced  aerospace  airframe  and  propulsion  components.  Like  other  intermetal- 
lics,  they  exhibit  high  modulus  retention  with  temperature  because  of  the 
strong  bonding  and  enhanced  creep  resistance  due  to  the  high  activation  energy 
required  for  diffusion  in  ordered  alloys  [85Lip].  The  low  density  of  titanium 
aluminides  makes  them  particularly  attractive  when  compared  to  superalloys  on 
a  strength/ weight  basis  [88Bla].  In  addition,  the  high  aluminum  content  in¬ 
creases  oxidation  resistance  by  promoting  the  formation  of  an  alumina-rich 
film  on  the  surface. 

Among  the  Ti-Al  intermetallics,  alloys  based  on  the  y-phase  exhibit  the 
most  promising  potential  for  high  temperature  applications.  The  y-phase  has 
the  Llg  structure  of  nominally  equiatomic  stoichiometry,  but  possesses  a  rela¬ 
tively  wide  range  of  homogeneity  (49  to  66  ZA1*)  [86Mur].  y-TiAl  remains  or¬ 
dered  up  to  near  its  melting  temperature,  estimated  between  1725  K  [73W1M]  and 
1753  K  [86Mur],  and  shows  a  higher  modulus  at  1273  K  than  Ti  does  at  room  tem¬ 
perature  [85Lip].  y-TiAl  is  lighter  and  stiffer,  and  has  better  creep  and  oxi¬ 
dation  resistance  than  c^-TijAl  (DOjg)  [77Sch,85Lip] .  Although  both  interme¬ 
tallics  suffer  from  low  toughness  and  ductility  at  room  temperature,  y-TiAl  is 
the  more  brittle  and  difficult  to  process  of  the  two.  The  very  limited  plasti¬ 
city  of  TiAl  has  been  ascribed  to  the  pinning  of  the  1/6 [ 1 12]  partial  disloca¬ 
tion,  which  not  only  hinders  slip  by  reducing  the  mobility  of  the  [101]  and 
[Oil]  superdislocations,  but  is  also  the  operating  dislocation  in  twinning 
[75LSS,85Lip] .  On  the  other  hand,  these  partial  dislocations  become  unpinned 
at  ^973  K  facilitating  slip  and  twinning  and  consequently  increasing  the  duc- 


1 


All  compositions  in  atomic  percent  unless  otherwise  specified. 
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tility.  Thus,  a  brittle  to  ductile  transition  near  973  K  is  reported,  with  the 
dominant  fracture  mode  changing  from  cleavage  at  room  temperature  to  intergra¬ 
nular  at  1073  K  [80SaL]. 

Prospects  for  toughening  y-TiAl  are  primarily  based  on  crack  bridging, 
either  by  weakly-bonded  fibers  in  the  manner  described  by  Evans  et  al  [85hCE], 
or  by  incorporation  of  ductile  phases.  Promising  results  have  been  achieved  in 
the  latter  case  by  dispersing  Nb-alloy  ductile  particles  in  TiAl  using  powder 
metallurgy  techniques  [88E11].  However,  ductile-phase  toughening  is  likely  to 
produce  a  concomitant  reduction  in  creep  resistance. 

Improvements  in  creep  properties  can  be  addressed  by  incorporation  of 
hard  second  phase  particles  of  two  distinct  size  scales.  Firstly,  small  dis- 
persoids  would  interact  with  dislocations  to  reduce  the  dislocation-cell  size 
to  dimensions  comparable  to  the  dispersion  spacing  and  hence  improve  creep 
resistance.  Numerous  rare  earth  (e.g.  Er,  Nd,  Y)  and  compound  forming  metal¬ 
loids  (e.g.  B,  C,  Si)  have  been  added  to  Ti  alloys  for  dispersion  strengthen¬ 
ing  [84SPB,87RoF] ;  however,  there  are  only  a  few  reports  of  dispersoid-forming 
additions  to  intermetallics.  Since  the  alloying  additions  of  interest  have  low 
solubilities  in  the  solid  matrix,  the  approach  normally  involves  rapid  solidi¬ 
fication  to  produce  a  supersaturated  solid  solution,  followed  by  solid  state 
precipitation  during  cooling,  consolidation  and/or  subsequent  heat  treatment. 
Stable  rare-earth-oxide  dispersions  produced  by  RSP  have  been  shown  to  improve 
yield  and  tensile  strength,  creep  resistance  and  stress-rupture  life  of  tita¬ 
nium  at  temperatures  up  to  973  K  [84SPB].  However,  dispersoid  strengthening  in 
a  and  a^-base  alloys  is  limited  by  rapid  coarsening  above  the  o/ 8  transus,  due 
to  the  more  open  structure  of  the  bcc  Ti  solid  solution  and  the  disordering  of 
02 .  On  the  other  hand,  the  y-phase  does  not  disorder  or  transform  at  high 
temperatures  and  should  in  principle  offer  a  much  higher  resistance  to  coar- 
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sening  of  dispersoids  than  the  leaner  aluminum  compositions. 

Based  on  continuum  mechanics  considerations,  reinforcements  with  dimen¬ 
sions  appreciably  larger  than  the  dislocation-cell  size  can  also  contribute 
to  improved  creep  resistance.  The  analysis  indicates  a  creep  rate 

e  *  A(f,s)  (o/o0)n  (1) 

where  n  and  o0  represent  the  creep  coefficients  of  the  matrix  and  A  is  a  mea¬ 
sure  of  the  effect  of  the  reinforcement,  depending  on  its  volume  fraction,  f, 
and  shape  factor,  s  [88Eva].  Reduced  creep  rate  is  predicted  for  reinforce¬ 
ments  on  the  size  scale  of  >10  ym,  with  rods  and  discs  being  more  effective 
than  spheres.  Since  A  is  a  direct  multiplier  of  the  matrix  creep  rate,  greater 
improvement  is  expected  in  TiAl,  which  already  has  good  creep  resistance.  The 
relevant  matrix  microstructure  dimension  changes  from  dislocation-cell  size  to 
grain  size  as  the  operating  mechanism  changes  from  dislocation  motion  to  dif- 
fusional  creep.  In  the  latter  case,  either  large  grains  are  needed  or  the 
reinforcement  size  needs  to  exceed  the  grain  size  of  the  matrix  for  improved 
creep  resistance. 

The  present  investigation  was  motivated  on  the  foregoing  discus ion.  It 
deals  with  additions  of  B  to  y-TLAl  alloys  to  obtain  stable  high  temperature 
dispersoids.  The  size,  shape,  composition  and  crystal  structure  of  the  borides 
are  studied  by  extending  the  current  understanding  of  microstructural  evolu¬ 
tion  during  conventional  (relatively  slow)  solidification  of  binary  Ti-B  al¬ 
loys  to  the  ternary  compositions  near  the  binary  Ti-Al  y  field.  Two  forthcom¬ 
ing  papers  will  discuss  the  effects  of  supercooling  and  rapid  solidification 
on  the  microstructure  of  the  boron-containing  aluminides,  as  well  as  the  sta¬ 
bility  of  the  dispersoids  produced  and  the  effect  on  mechanical  properties. 
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PHASE  EQUILIBRIA 

The  binary  Ti-B  system.  Figure  1,  exhibits  three  intermetallic  compounds^ 
in  addition  to  the  terminal  phases  [86MLS].  As  expected  from  Hume-Rothery  con¬ 
siderations,  the  elements  should  have  very  limited  mutual  solubility  in  each 
other  [86B0F];  the  B/Ti  atomic  radius  ratio  is  0.66,  highly  unfavorable  for 
either  interstitial  or  substitutional  solid  solution.  The  maximum  equilibrium 
solubility  of  B  is  <1%  in  p-(Ti)  at  the  eutectic  temperature,  1813  K,  and 
'vO.2%  in  a-(Ti)  at  the  peritectoid  temperature,  1157  K  [86MLS].  Boron  is  clas¬ 
sified  as  an  a-stabilizer,  but  in  reality  has  a  negligible  effect  on  the  a/f3 
transition  temperature  due  to  its  low  solubility.  On  the  other  hand,  solubili¬ 
ty  extensions  as  high  as  10ZB  in  a-(Ti)  have  been  reported  by  rapid  solidifi¬ 
cation  and  ascribed  to  increased  interstitial  solubility  [86Wha].  It  is  not 
clear,  however,  whether  the  primary  8-phase  could  accommodate  that  much  B  in 
its  interstitial  sites,  which  are  considerably  smaller. 

The  highly  refractory  titanium  borides  are  all  based  on  the  same  building 
block:  the  trigonal  prismatic  array  of  six  Ti  atoms  with  a  B  at  the  center 
[77Lun].  In  the  case  of  TiB2  the  prisms  are  in  a  "close  packed"  array,  sharing 
all  their  faces  with  neighboring  prisms,  see  Figure  2.  The  resulting  C32 
structure  can  also  be  visualized  by  stacking  close  packed  Ti  planes  (A)  with 
graphite-like  boron  planes  (H)  in  an  AH  AH  sequence  along  the  c-axis  of  the 
crystal.  On  the  other  hand,  in  the  B27  structure  of  TiB  the  trigonal  prisms 
are  closely  packed  in  only  one  direction,  forming  columns  with  a  rectangular 
base  and  a  central  chain  of  boron  atoms  whose  axis  is  the  [010]  direction  of 
the  crystal  [54DeK].  To  account  for  stoichiometry  these  columns  are  only  con- 

*  The  existence  of  T^B^  is  still  a  subject  of  debate  and  was  not  observed 

in  the  present  experiments. 
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nected  at  their  edges,  with  four  columns  surrounding  a  boron-free  "pipe"  of  Ti 
atoms  with  a  trapezoidal  cross  section,  as  shown  in  Figure  2.  These  crystallo¬ 
graphic  differences  will  become  relevant  in  our  discussion  of  the  growth  mor¬ 
phology  of  primary  borides,  see  below. 

The  high  temperature  equilibrium  in  the  y-forming  range  of  the  Ti-Al 
phase  diagram  has  been  a  subject  of  much  debate.  An  earlier  version  suggested 
the  presence  of  a  double  peritectic  cascade,  L  +  £  -*■  a.2  and  L  +  «2  about 

the  equiatomic  composition  [73WiM].  However,  a  more  recent  thermodynamic  as¬ 
sessment  predicted  a  single  peritectic  L  +  g  -*>  y  with  a  forming  by  a  peritec- 
toid  reaction  between  g  and  y  at  a  lower  temperature  [86Mur].  A  host  of  new 
experimental  evidence  strongly  supports  the  double  peritectic  predicted  by  the 
earlier  diagram,  but  with  a  as  the  intermediate  phase  instead  of  02 ,  as  shown 
schematically  in  Figure  3  [88McC].  Thus,  the  primary  solidification  phase  in 
alloys  containing  ^8  to  V55  %A1  is  believed  to  be  the  u-(Ti)  solid  solution 
(A3),  which  transforms  peritectically  to  y  upon  cooling.  Under  non-equilibrium 
conditions  the  primary  a-dendrites  transform  instead  to  a  lath  structure  con¬ 
sisting  of  twin-related  variants  of  y  intertwined  with  o^. 

Most  of  what  is  known  about  the  ternary  Ti-Al-B  diagram  is  limited  to  the 
Al-rich  comer,  which  is  of  interest  in  the  grain  refinement  of  aluminum  al¬ 
loys  with  TiB2  additions.  There  is  reasonable  agreement  that  the  ternary  dia¬ 
gram  is  divided  by  a  quasibinary  equilibrium  between  (Al)  and  a  diboride, 
which  is  TiB2  according  to  Maxwell  and  Hellawell  [72MaH]  but  TiA^Bg  according 
to  Mondolfo  [76Mon],  On  the  other  hand,  there  is  considerable  disagreement  re¬ 
garding  the  solubility  of  Al  in  TiB2>  with  some  authors  suggesting  that  there 
is  a  continuous  series  of  solid  solutions  between  AIB2  and  TiB2»  which  are 
isomorphous  [71MaM,83ABK] ,  and  others  indicating  that  there  is  negligible  mu¬ 
tual  solubility  [72MaH,76JoP] .  However,  this  discrepancy  is  only  marginally 
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relevant  to  our  alloys,  which  are  near  the  Ti-Al  binary.  It  is  generally  ac¬ 
cepted  that  there  is  a  region  of  ternary  equilibrium  between  TiB2>  TiAl  3  and  . 
(Al)  just  below  the  melting  temperature  of  Al  [72MaH,76Mon] .  The  primary  pha¬ 
ses  are  TiB2  on  the  quasibinary  side  and  T1A13  near  the  Ti-Al  side,  with  a 
line  of  two-fold  saturation  descending  toward  the  Al-comer  and  terminating  at 
a  ternary  reaction  L  +  TiB2  +  TiAl3  -*•  (Al),  which  is  placed  at  938  K  [76Mon]. 

EXPERIMENTAL 

There  are  several  experimental  complications  in  preparing  Ti-Al-B  alloys 
of  accurate  composition  in  a  reproducible  manner.  The  first  one  relates  to  the 
large  differences  in  melting  temperature  between  TiAl  (^1750  K)  and  the  avail¬ 
able  material  for  alloying,  which  may  be  elemental  B  (2365  K)  or  TiB2  (3500  K) 
in  powder  form.  If  either  material  is  added  to  TiAl  the  liquid  must  be  signi¬ 
ficantly  superheated  to  accomplish  dissolution  and  homogenization  in  a  reason¬ 
able  time.  However,  the  vapor  pressure  of  Al  is  sufficiently  high  at  the  pro¬ 
cess  temperatures  to  cause  significant  losses  by  evaporation  and  an  unpredict¬ 
able  variation  in  the  final  composition.  Thus,  the  alloys  must  be  prepared  by 
first  dissolving  B  or  TiB2  in  Ti  to  produce  a  Ti-B  master  alloy  and  then  ad¬ 
ding  the  Al  to  reach  the  desired  composition.  Since  the  B  concentrations  in 
these  studies  were  relatively  low,  the  process  temperatures  during  the  Al  ad¬ 
dition  were  of  the  order  of  the  eutectic  temperature  between  Ti  and  TiB,  Fi¬ 
gure  1,  resulting  in  minimal  and  more  predictable  Al  losses. 

The  second  problem  arises  because  of  contaminants  present  in  the  boron 
sources.  Both  high  purity  elemental  boron  (99. 7Z)  and  TiB2  (99. 5X)  can  typi¬ 
cally  contain  up  to  1200  ppm  N  and  up  to  5000  ppm  0.  As  a  matter  of  fact,  our 
initial  experiments  were  made  with  a  batch  of  "pure"  TiB2  which  was  later 
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found  to  contain  as  much  as  3  -  4  wt%  N  and  a  similar  amount  of  0.  These  con¬ 
taminants,  especially  nitrogen,  can  produce  spurious  second  phases  which  sig¬ 
nificantly  complicate  the  identification  of  borides  and  the  elucidation  of 
phase  sequencing  during  solidification,  as  discussed  below.  Metallic  impuri¬ 
ties  like  Si  and  Fe  are  also  common  in  both  materials,  although  they  were 
found  to  be  higher  in  the  elemental  B.  Thus,  extreme  care  must  be  exercised  in 
characterizing  the  actual  chemical  composition  of  the  raw  materials  to  mini¬ 
mize  microstructural  features  which  can  lead  to  erroneous  conclusions. 

All  alloys  were  prepared  by  arc-melting  in  gettered  argon  atmosphere 
( <0 . 1  ppb  O2)  using  high  purity  Ti  ingots  (200  ppm  0),  99.99%  Al  pellets  and 
99.7%  pure,  60  mesh  elemental  B  powder  (see  analysis  in  Table  I).  The  binary 
Ti-B  alloy  buttons  were  melted  and  flipped  four  times  using  fairly  high  power 
and  keeping  the  metal  molten  for  about  2  minutes  each  time  in  order  to  ensure 
complete  dissolution  and  homogenization.  The  Al  was  then  added  and  the  buttons 
were  melted  and  flipped  another  four  times,  but  using  reduced  power  and  hold¬ 
ing  times  to  minimize  Al  losses. 

Two  binary  and  two  ternary  alloys  with  the  compositions  given  in  Table  I 
were  produced  in  the  manner  described.  The  binary  compositions  were  selected 
on  the  two  sides  of  the  eutectic  composition  (•'<7  %B)  with  the  hypoeutectic  al¬ 
loy  (BLB*-,  1.3ZB)  producing  primary  Ti  during  initial  solidification  and  the 
hypereutectic  alloy  (BHB*,  9.7%B)  producing  primary  TiB.  The  corresponding 
ternaries,  TLB  and  THB*,  were  designed  with  an  Al:Ti  ratio  slightly  above 
equiatomic,  which  in  the  binary  Ti-Al  system  would  lie  in  the  equilibrium 
single  phase  y  field. 


1 


BLB  and  BHB  refer  to  binary  low  boron  and  binary  high  boron  alloys,  res¬ 
pectively.  Similarly,  TLB  and  THB  refer  to  ternary  low  and  high  boron 
alloys,  respectively. 
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Extensive  characterization  of  the  four  alloys  was  performed  by  optical 
metallography,  scanning  and  transmission  electron  microscopy.  A  staining  tech¬ 
nique  developed  by  Fenish  [64Fen]  for  identification  of  borides  in  the  binary 
Ti-B  system  was  extended  to  the  ternary  system  and  consistently  used  in  the 
metallographic  analysis.  In  this  technique  the  specimens  are  electrolytically 
etched  in  a  25vol%  NH4OH  solution  at  30  V  DC  using  a  Buehler  Electromet  III 
apparatus.  While  the  a-(Ti)  matrix  should  appear  blue  with  purple  overtones, 
the  different  borides  were  reported  to  stain  as  follows:  orange-rust  for  TiB, 
light  grey- tan  for  11384  and  yellow-white  for  TiB2  [64Fen].  The  photomicro¬ 
graphs  were  taken  in  a  Nikon  Epiphot  Metallograph  using  Ektachrome  50  color 
slide  film. 

Boride  particles  were  also  prepared  for  examination  using  two  different 
matrix  dissolution  techniques.  The  boride  morphology  may  be  revealed  by  deep 
etching  a  polished  section  in  hot  sulfuric  acid,  but  the  process  was  found  to 
be  rather  slow.  Extraction  of  the  particles  was  accomplished  by  electrolytic 
digestion  of  the  matrix  using  a  7vol%  solution  of  HC1  in  methanol  and  a  vol¬ 
tage  of  20  V  DC.  The  residue  was  filtered,  washed  first  in  75volZ  HNO3,  and 
subsequently  in  a  solution  of  30  g  ZnCl2»  25  ml  HNO3  and  100  ml  H2O  to  remove 
hydrides,  rinsed  in  methanol  and  air  dried.  SEM  was  performed  in  a  JEOL-840 
microscope  equipped  with  a  Tracor  EDS  analysis  system  and  the  TEM  in  a  JEOL- 
2000FX  microscope  equipped  with  Tracor  EDS  and  Gatan  EELS  systems. 
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MICROSTRUCTURXS  OF  BINARY  ALLOYS 

Optical  photomicrographs  of  the  stained  solidification  microstructures 
are  given  in  Figure  4.  As  expected  from  the  phase  diagram,  the  hypereutectic 
BHB  alloy  contains  large  primary  TiB  particles  which  appear  golden  yellow*. 
Figure  4(a),  in  a  matrix  of  eutectic  a-(Ti)  +  TiB.  The  primary  boride  is  high¬ 
ly  faceted  and  exhibits  a  hollow  needle  morphology,  as  shown  in  Figure  5(a), 
with  typical  transverse  dimensions  upwards  of  10  ym  and  lengths  of  100  ym  or 
more.  The  calculated  amount  of  primary  boride  is  about  5  volZ  and  corresponds 
reasonably  well  with  the  experimental  observations.  The  eutectic  monoboride 
also  exhibits  a  faceted  needlelike  morphology,  with  typical  dimensions  up  to 
2  ym  across  and  10  -  50  ym  in  length.  Note  that  some  of  the  coarser  eutectic 
needles  are  also  hollow,  as  shown  in  Figure  5(b),  in  spite  of  their  much  finer 
scale  when  compared  with  the  primary  TiB.  The  relative  amount  of  eutectic 
monoboride  should  be  about  8  volZ  according  to  the  phase  diagram. 

The  low-boron  hypoeutectic  alloy,  BLB,  exhibits  primary  fl-(Ti)  growth  as 
indicated  by  the  orthogonal  dendritic  pattern  characteristic  of  bcc  growth  in 
Figure  4(b).  The  interdendritic  segregate  is  eutectic  Ti  +  TiB,  with  a  size 
scale  and  morphology  comparable  to  those  in  the  hypereutectic  alloy,  BHB.  The 
calculated  amount  of  eutectic  segregate  is  approximately  10  volZ,  which  seems 
consistent  with  that  observed  in  the  microstructure. 

Transmission  electron  microscopy  revealed  three  types  of  second  phase 
particles  in  the  binary  Ti-B  alloys,  all  needlelike  and  Indexing  to  the  ortho¬ 
rhombic  structure  of  TiB  (B27)  with  lattice  parameters  a  *  612  pm,  b  ■  306  pm 

*  The  colors  do  not  correspond  exactly  to  those  described  by  Fenish,  who 
indicated  that  the  actual  hues  could  vary  with  composition  and  etching 
conditions.  We  also  found  them  to  change  with  the  type  of  film  and  illu¬ 
mination.  Nevertheless,  the  darker  shade  of  yellow  shown  by  TiB  when 
compared  with  TiB£  is  relatively  consistent  with  Fenish' s  scale. 
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and  c  =  456  pm.  In  all  cases  the  needle  axis  was  found  to  be  parallel  to  the 
[010]  axis  of  the  B27  cell,  see  Figure  2.  The  matrix  is  polycrystalline  a-(Ti) 
resulting  from  the  solid  state  transformation  of  the  solidified  fj-phase. 

The  primary  monoboride  needles,  observed  only  in  the  BHB  alloy,  are  sin¬ 
gle  crystals  with  occasional  stacking  faults.  Figure  6  shows  a  cross  section 
of  a  primary  needle  with  [010]  and  [Oil]  zone  axis  patterns  (ZAP).  Analysis  of 
several  ZAPs  indicated  that  the  crystallographic  facets  in  these  needles  are 
always  of  the  type  (100),  (101)  and  (101).  There  is  no  evident  crystallogra¬ 
phic  relationship  between  the  primary  borides  and  the  surrounding  matrix,  but 
apparently  there  is  one  with  the  a-Ti  trapped  inside  the  needle.  For  the  case 
of  Figure  6  the  relationship  was  found  to  be  close  to 


(10il)a 

// 

(201)TiB 

<l°n>a 

// 

(ooi)TiB 

<1210)a 

// 

<010)TiB 

and  when  this  is  translated  through  the  Burgers  relation  for  the  p  -*■  a  trans¬ 
formation,  the  orientation  relationships  become  exactly 

<°°l>TiB  "  {0h>B 

(oio)T18  //  mnB 

<100>TiB  H  <5ll>s 

The  second  boride  morphology  observed  in  TEM  corresponds  to  the  eutectic 
TiB  needles,  shown  in  Figure  7.  The  eutectic  structure  is  only  poorly  devel¬ 
oped  in  the  hypoeutectic  BLB  alloy,  with  clusters  of  needles  appearing  in  the 
prior  B  interdendritic  spaces,  as  shown  in  Figures  4(b)  and  7(a).  The  hypereu- 
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tectic  BHB  alloy  reveals  a  much  more  defined  eutectic  morphology.  Figure  7(b), 
with  needles  10  to  20  ym  long  extending  through  the  transformed  (3-(Ti)  matrix. 
The  needles  are  all  single  crystals  with  their  axis  parallel  to  the  [010] 
direction  of  the  B27  unit  cell,  see  Figure  7(c).  In  tilting  to  this  zone  axis. 
Figure  7(f),  all  fringing  effects  at  the  particle/matrix  interface  disappear, 
giving  rise  to  sharply  defined  boundaries  which  indicate  that  the  planes  en¬ 
closing  this  crystal  lie  perpendicular  to  the  plane  of  the  image.  The  eutectic 
needles  typically  have  an  elongated  cross  section,  £500  run  thick  and  £2  ym 
wide,  where  the  long  faces  are  consistently  (100)  planes  and  the  shorter 
planes  forming  a  wedge  shape  are  (101)  and  (101),  as  indicated  in  Figure  7(d). 
Stacking  faults  and/or  twins  are  often  seen  running  across  the  crystal,  seem¬ 
ingly  parallel  to  the  (100)  faces.  As  with  the  primary  borides,  the  eutectic 
needles  had  no  orientation  relationship  with  the  surrounding  a-(Ti)  matrix  or 
the  prior  S-(Ti). 

Closer  examination  of  Figure  7(c)  reveals  a  third  type  of  TiB  needle, 
much  finer  than  the  eutectic  particle  next  to  it.  These  particles  had  typical 
dimensions  of  100-200  nm  thick  and  up  to  V5  ym  long,  and  were  consistently 
found  within  the  a-(Ti)  grains.  Figure  8  shows  a  region  of  a-(Ti)  viewed  down 
the  [0001]  direction,  containing  three  variants  of  the  fine  TiB  needles  at  60° 
from  each  other.  The  SAD  patterns  in  this  figure  show  [0001]  and  [ 001 ]_,  _ 
zone  axes,  clearly  revealing  the  following  orientation  relationship  between 
the  needles  and  the  matrix 

<010)TiB  "  {l'210)a 

(100)TiB  //  (10i0}a 

(°01)TiB  //  (0001)a 
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Furthermore,  the  long  axes  of  the  needles,  which  were  indexed  as  [010]_._,  are 

TiB 

parallel  to  the  close-packed  directions  on  the  a-(Ti)  basal  plane,  <1120>a. 
However,  assuming  a  Burgers  relation  for  the  (3  ■+  a  transformation,  it  may  be 
demonstrated  that  there  is  no  specific  relationship  between  these  fine  TiB 
needles  and  the  prior  f3-(Ti).  It  was  thus  concluded  that  these  finer  needles 
must  have  formed  as  a  result  of  solid  state  precipitation  within  the  a  phase 
during  cooling. 


MICBOSTKUCTUKES  OF  TERNARY  ALLOYS 


The  most  evident  feature  of  the  ternary  alloy  micrographs  in  Figure  4  is 
that,  as  in  the  case  of  the  binaries,  the  higher  boron  alloy  THB  contains 
large  primary  boride  particles  whereas  the  leaner  one,  TLB,  does  not.  It  is 
also  evident  that  the  borides  have  a  different  morphology  and  stain  a  lighter 
yellow  color,  indicative  of  TiB2  according  to  the  staining  procedure  of  Fenish 
[64Fen].  It  should  be  noted,  however,  that  the  color  coding  developed  for  bo¬ 
ride  identification  in  binary  Ti-B  is  not  necessarily  applicable  to  the  terna¬ 
ry  alloys,  where  the  presence  of  Al  could  affect  the  nature  of  the  film  pro¬ 
duced  by  the  electrolytic  etching.  Nevertheless,  the  TEM  analysis  described 
below  confirms  that  the  boride  in  this  case  is  indeed  TiB2»  confirming  that 
the  staining  technique  may  be  extended  to  the  ternary  system. 

Apart  from  the  presence  of  the  borides,  the  matrix  microstructure  has 
essentially  the  same  constituents  as  in  the  binary  Ti-Al  alloy,  namely  a  dend¬ 
rites  transformed  upon  cooling  to  a  mixture  of  <*2  +  y  laths  and  surrounded  by 
y  segregate  [87Val].  Typical  TEM  views  of  the  metallic  phases  are  shown  in  Fi¬ 
gure  9.  The  lath  constituent  has  an  average  spacing  of  M..2  pm,  comparable  to 
that  observed  in  a  binary  arc-button  of  similar  composition  [87Val],  but  con- 
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tains  a  higher  y/c^  ratio;  the  thicknesses  of  the  y  and  02  regions  in  Figure 
9(b)  are  approximately  1  ym  and  0. 1-0.2  ym,  respectively.  The  average  composi¬ 
tion  of  the  lath  constituent  is  48  to  49  £A1  and  that  of  the  interdendritic  y- 
segregate  is  53  to  55  %A1.  In  general,  the  aluminum  content  is  higher  in  both 
phases  for  the  alloy  richer  in  boron,  since  more  of  the  Ti  is  combined  in  the 
borides;  the  estimated  Al:Ti  ratio  in  the  matrix  is  about  1.11  and  1.04  for 
the  higher  (5.4%B)  and  lower  (0.9ZB)  boron  alloys,  respectively.  The  measured 
amount  of  interdendritic  segregate  (predominantly  y)  also  increases  signifi¬ 
cantly,  going  from  V5  vol%  in  the  TLB  alloy  to  ^25  vol£  in  the  THB  alloy. 
Finally,  the  segregate  spacings  in  the  ternary  alloys  were  significantly  coar¬ 
ser  than  those  in  the  binary  alloys,  e.g.  106  ym  for  TLB  versus  16  ym  for  the 
BLB  material. 

The  primary  TiB2  particles  in  the  THB  alloy  are  somewhat  smaller,  10  to 
20  ym  across,  than  the  primary  borides  in  the  binary  alloy  and  exhibit  a 
blocky  morphology  instead  of  the  needle  shape  characteristic  of  TiB — compare 
Figures  4(a)  and  (c).  Figure  5(c)  shows  an  SUM  view  of  primary  TiB2  particles 
extracted  by  electrolytic  dissolution  of  the  matrix.  Note  the  clear  hexagonal 
symmetry  of  the  crystal  and  the  stepwise  growth  along  the  c-axis.  It  was  also 
observed  that  these  borides  tend  to  grow  in  clusters.  Figure  5(c),  and  are 
invariably  found  within  the  lath  microconstituent  of  the  matrix.  Figure  4(c), 
suggesting  that  they  acted  as  nucleation  sites  for  the  a  phase.  The  relative 
amount  of  primary  TiB2  in  the  THB  alloy  was  less  than  5  volZ. 

The  ternary  alloys  also  contain  a  needlelike  boride,  typically  0.5  to 
2  ym  thick  and  5  to  20  ym  long,  observed  both  within  the  transformed  dendrites 
and  the  interdendritic  segregate,  as  shown  in  Figures  4(c)  and  (d).  Further¬ 
more,  a  phase  in  the  form  of  thin  (<<1  ym)  curly  plates.  Figure  5(d),  was 
sometimes  observed  within  the  y  segregate  in  the  ternary  alloys,  and  occasion- 
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ally  in  combination  with  the  lath  structure. 

Both  the  blocky  and  needlelike  boride  particles  were  identified  as  TiB2 
by  TEM  analysis,  with  lattice  parameters  for  the  C32  cell  of  a  =  303  pit  and 
c  *  323  pm.  Furthermore,  EDS  and  EELS  spectra  showed  no  detectable  Al  in  these 
phases.  Figure  10  shows  a  thinned  area  of  primary  TiB2»  approximately  10  by 
20  ym  in  size,  with  hexagonal  symmetry.  The  [0001]  and  [1213]  ZAPs  presented 
indicate  that  the  c-axis  of  the  C32  structure  is  perpendicular  to  the  plane  of 
the  image,  and  that  all  the  crystal  facets  are  prism  planes  of  the  type 
{1010}.  No  clear  evidence  was  found  of  an  orientation  relationship  between  the 
primary  TiB2  and  either  phase  in  the  lath  structure,  or  the  parent  a-phase. 

Figure  11  shows  longitudinal  and  transverse  views  of  TiB2  needles  within 
the  lath  structure.  Diffraction  trace  analysis  indicates  that  the  long  axis  of 
the  needle  is  parallel  to  the  [0001]  direction  in  the  C32  crystal,  and  the 
facets  observed  in  Figure  11(b)  are  again  {1010}  prism  planes.  As  with  the 
primary  diboride,  no  orientation  relationship  was  evident  between  the  needles 
and  the  surrounding  matrix.  Similar  observations  were  made  for  the  diboride 
within  the  interdendritic  segregate. 

TEM  views  of  the  curly  plates  detected  in  the  ternary  alloys  are  given  in 
Figure  12.  These  were  found  to  contain  only  Ti  and  B,  although  a  few  specimens 
showed  traces  of  Al  in  EDS,  with  a  crystal  structure  that  has  been  tentatively 
identified  as  tetragonal.  The  sparse  population  of  these  phases  has  prevented 
a  conclusive  identification  up  to  now.  Boride  precipitation  in  the  solid 
state,  clearly  evident  in  the  binary  Ti-B,  has  not  been  observed  so  far  in  the 
ternary  alloys. 

It  is  appropriate  at  this  point  to  show  an  example  of  the  microstructural 
features  that  may  arise  from  an  excessive  level  of  nitrogen  in  the  ternary 
alloys.  The  specimen  in  Figure  13  was  prepared  with  TiB2  inadvertently  conta- 
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minated  with  about  3  wtZ  nitrogen.  The  primary  borides,  which  are  still  TiB2» 
are  frequently  covered  by  multiple  flakes  with  a  hexagonal  crystal  structure 
and  a  Ti:Al  ratio  of  2.  It  is  believed  that  these  phases  are  nitrides  of  the 
type  (Ti2Al)xNy  or  perhaps  more  complex  boronitrides,  although  further  clari¬ 
fication  of  the  issue  was  not  pursued.  Furthermore,  the  tetragonal  curly  pha¬ 
ses  were  much  more  numerous  in  the  contaminated  alloy,  suggesting  that  their 
origin  could  be  associated  with  the  everpresent  N.  However,  microchemical 
analysis  revealed  no  nitrogen  in  any  of  the  curly  plates.  On  the  other  hand, 
significant  amounts  of  Al  (Ti:Al  ^  2)  were  detected  in  the  tetragonal  phase 
found  in  the  contaminated  alloy,  while  that  in  the  THB  and  TLB  alloys  rarely 
showed  any  Al. 


DISCUSSION 

Elucidation  of  the  solidification  "path"  for  y-TiAl  alloyed  with  boron 
appears  to  be  reasonably  straightforward^ ,  although  a  quantitative  description 
is  hindered  by  the  shortage  of  information  on  phase  boundaries  and  invariant 
reactions  in  the  relevant  regions  of  the  ternary  diagram.  It  is  quite  evident 
that  the  liquidus  surface  is  dominated  by  the  very  high  melting  temperature  of 
TiB2  ('''3500  K)  and  that  it  drops  down  rapidly  from  the  quasibinary  Al-TiB2  to 
a  line  of  monovariant  equilibrium  below  the  melting  temperature  of  y-TiAl 
(''4750  K).  This  monovariant  line  must  be  close  to  the  binary  Ti-Al  side  of  the 
ternary  diagram,  given  that  as  little  as  5  ZB  produces  primary  TiB2>  however 
in  a  small  volume  fraction.  It  is  not  clear  at  this  time  whether  this  line 
terminates  at  a  ternary  eutectic  or  follows  a  peritectic  cascade,  similar  to 

*  Phase  sequencing  during  solidification  of  the  binary  alloys  is  presumed 
to  be  readily  deduced  from  the  phase  diagram  and  is  not  discussed. 
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the  one  shown  in  the  binary  diagram,  until  it  merges  with  the  TiB2  +  TiAl3 
line  near  the  Al-rich  corner  [76Mon]. 

Solidification  of  these  alloys  can  thus  start  with  the  formation  of  pri¬ 
mary  TiB2  or  primary  a-(Ti),  depending  on  the  boron  content,  with  the  liquid 
composition  descending  down  the  liquidus  surface  until  it  meets  the  monova¬ 
riant  line,  whereupon  both  a-(Ti)  and  TiB2  appear  to  grow  from  the  liquid. 

Upon  nucleation  of  y  in  the  interdendritic  spaces,  the  last  liquid  solidifies 
as  a  mixture  of  y,  TiB2  and  perhaps  the  still  unidentified  tetragonal  phase. 

It  is  not  clear,  however,  whether  the  latter  is  a  true  phase  in  the  ternary 
Ti-Al-B  system  or  it  is  associated  with  contamination  effects  from  the  small 
amounts  of  N  present  in  the  boron.  Moreover,  the  transformations  of  the  solid¬ 
ification  structure  upon  cooling  appear  to  be  limited  to  the  decomposition  of 
the  a-(Ti)  phase  into  the  lath  mixture  of  02  +  y. 

The  evolution  of  HB2  as  the  equilibrium  boride  in  the  y  alloys  offers  a 
greater  potential  for  dispersion  strengthening  vis-a-vis  the  formation  of  TiB 
in  the  Ti-rich  a  or  02  alloys.  Not  only  are  the  y  alloys  insensitive  to  disor¬ 
dering  and  phase  transformations  that  accelerate  dispersoid  coarsening  at  high 
temperature,  but  TiB2  should  be  a  more  stable  dispersoid  than  TiB  as  reflected 
by  their  respective  melting  temperatures.  On  the  other  hand,  it  may  be  more 
difficult  to  suppress  the  nucleation  of  TiB2  in  a  supercooled  melt  in  order  to 
produce  a  supersaturated  a-(Ti)  solid  solution.  Undercooling  experiments  to  be 
reported  in  a  forthcoming  paper  will  address  this  issue. 

The  differences  in  boride  morphologies  can  be  rationalized  to  some  extent 
based  on  their  crystal  structure  and  the  stage  of  the  solidification  process 
during  which  they  evolved.  In  the  case  of  TiB,  the  preferred  growth  direction 
is  always  [010],  which  is  the  axis  of  the  boron  chains  formed  by  the  stacking 
of  trigonal  prisms,  see  Figure  2.  The  (010)  planes  perpendicular  to  this  di- 
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rection  also  have  a  1:1  stoichiometry,  providing  sites  for  the  attachment  of 
both  Ti  and  B  atoms  on  the  same  plane.  Consider  now  the  facets  of  the  needle 
crystals.  If  the  bond  strength  in  TiB  is  B-B  >  Ti-B  >  Ti-Ti  as  estimated  from 
the  interatomic  distances  [54DeK],  one  would  expect  Ti  planes  bounding  the  B 
chains  in  the  crystal  to  have  lower  interfacial  energies  and  thus  be  exposed 
to  the  liquid.  Figure  14  shows  that  the  packing  density  of  Ti  atoms  decreases 
in  the  following  order:  (100)  >  (101)  and  (101)  >  (001).  Note  also  that  growth 
along  [100]  involves  alternating  B  and  Ti  planes,  whereas  growth  along  [001] 
involves  planes  of  equiatomic  stoichiometry.  One  can  thus  conclude  that  the 
(001)  planes  are  likely  to  exhibit  the  fastest  growth,  leaving  the  crystal 
bound  by  the  (100)  and  {101}  type  facets.  It  is  not  clear,  however,  why  the 
TiB  needles  are  hollow,  although  this  type  of  morphology  has  been  associated 
with  dendritic- like  growth  instabilities  in  TijSij  [71CrY]  and  CugS^  [65Dav, 
71CrY] . 

The  blocky  morphology  of  primary  TiB2  shown  in  Figure  4(c)  may  also  be 
related  to  its  crystal  structure.  In  this  case  the  trigonal  prisms  are  closely 
packed  in  all  directions,  with  growth  along  the  [0001]  and  <1100>  directions 
involving  alternating  Ti  and  B  layers  in  both  cases.  It  may  be  argued  that  the 
basal  plane  should  have  a  lower  lateral  growth  velocity  than  the  prism  plane, 
based  on  its  higher  relative  packing  density  (1.23:1).  However,  the  inter- 
planar  spacing  between  basal  planes  (328  pm)  is  larger  than  that  between  prism 
planes  (262  pm)  by  an  equivalent  amount,  such  that  the  growth  velocity  normal 
to  the  plane  should  be  approximately  the  same  in  both  cases,  barring  any  sig¬ 
nificant  differences  in  attachment  kinetics.  Indeed,  the  primary  crystals 
growing  unconstrained  from  the  melt  tend  to  have  fairly  equiaxed  shapes,  as 
shown  in  Figure  4(c).  The  larger  flat  prismatic  facets  suggest  that  the  two- 
dimensional  nucleation  process  of  the  layers  may  be  easier  on  the  basal  plane. 
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but  a  physical  rationale  for  this  preference  could  not  be  elucidated  from  the 
information  available. 

The  needlelike  eutectic  growth  of  TiB  is  not  surprising  in  view  of  the 
crystallographic  considerations  outlined  for  the  primary  monoboride.  On  the 
other  hand,  the  TiBj  evolving  in  conjunction  with  a-(Ti)  and  y-(TiAl)  through 
the  monovariant  and/or  invariant  reactions  in  the  ternary  system  is  markedly 
different  from  the  primary  diboride.  While  the  crystal  facets  are  identical  in 
both  cases,  the  secondary  TiB2  grows  preferentially  along  the  [0001]  axis  of 
the  C32  structure.  This  may  be  ascribed  to  the  constraint  imposed  by  the  me¬ 
tallic  phase  growing  concurrently  with  the  boride;  Jackson  and  Hunt's  treat¬ 
ment  of  coupled  eutectic  growth  predicts  a  rod- like  morphology  for  the  second 
phase  when  its  volume  fraction  is  relatively  small  [66JaH]. 

Finally,  the  solid  state  precipitation  of  TiB  in  the  binary  alloys  poses 
an  interesting  question.  The  experimental  evidence  suggests  that  the  TiB  need¬ 
les  must  have  formed  by  precipitation  within  the  a-(Ti)  +  TiB  field,  even 
though  the  solubility  of  B  in  p-(Ti)  decreases  more  significantly  with  tempe¬ 
rature.  One  may  hypothesize  that  the  cooling  rate  in  the  arc-melting  process 
is  sufficiently  high  to  prevent  the  precipitation  of  TiB  when  cooling  through 
the  3-(Ti)  +  TiB  field,  but  not  to  suppress  the  3  -*■  a  transformation,  which 
can  be  quite  rapid.  TiB  may  thus  precipitate  from  the  supersaturated  a  upon 
further  cooling,  developing  the  observed  orientation  relationship. 

SUWABY 

Boron  additions  to  y  Ti-Al  alloys  offer  some  potential  benefits  for  dis¬ 
persion  strengthening  when  compared  with  a  and  a£  based  alloys.  Not  only  is 
the  y  matrix  stable  and  ordered  up  to  very  high  temperatures,  with  the  conse- 
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quent  reduction  in  diffusion  rates,  but  the  reinforcing  boride  phase  changes 
from  TiB  in  the  a  alloys  to  a  much  more  stable  TiB2  in  the  y  alloys.  Thus,  if 
the  diboride  were  to  be  finely  dispersed  by  rapid  solidification,  it  should  be 
more  stable  to  coarsening  than  the  monoboride. 

Except  for  the  presence  of  the  diboride  phases,  solidification  of  the 
TiAl- (0.9  to  5. 4) S3  results  in  a  similar  matrix  microstructure  to  that  of  the 
binary  y  alloy.  The  primary  phase  is  a-(Ti)  for  the  leaner  boron  content  and 
TiB2  for  the  higher  boron  alloy.  In  either  case,  the  liquid  composition  moves 
down  the  liquidus  surface  until  it  reaches  a  monovariant  line,  probably  of  the 
type  L  -*■  a  +  TiB2«  wherein  both  phases  appear  to  solidify  concurrently.  Solid¬ 
ification  ends  with  the  formation  of  y  in  the  interdendritic  spaces,  again 
mixed  with  TiB2  plus  a  still  unidentified  tetragonal  phase.  It  was  shown  that 
the  amount  of  segregate  increases  with  B  content,  presumably  because  more 
of  the  Ti  is  combined  in  the  diboride,  leading  to  a  higher  Al:Ti  ratio  in  the 
matrix. 
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Table  I.  Chemical  compositions  of  the  alloys  and  boron 
source  materials  used  in  the  investigation 


• 

Al 

at% 

B 

at% 

Al:Ti 

at:  at 

0  N  C 

(all  impurities  : 

Fe  Cu  Si 

in  weight  percent) 

BHB  alloy 

9.7 

0.067 

0.0061  0.022 

0.09 

BLB  alloy 

1.3 

0.063 

0.0048 

• 

THB  alloy 

48.3 

5.4 

1.04 

0.064 

0.0097  0.021 

0.11 

TLB  alloy 

50.3 

0.9 

1.03 

0.075 

0.0052  0.016 

Boron  powder 

0.055 

0.0078  0.31 

0.22  0.017  0.012 

TiB2  powder 


3.27  3.48  1.35 
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Titanium- Boron  binary  phase  diagram  from  [86MLS].  The  maximum 
solubility  of  B  in  g-(Ti)  is  <1Z  at  the  eutectic  temperature  and 
'v-O.lZ  at  the  peritectoid,  while  that  in  a-(Ti)  is  ^Q.2£. 

Schematic  of  the  atomic  packing  in  TiB  and  TiB2»  Note  the  rela¬ 
tionship  between  the  crystal  structures  and  the  basic  trigonal 
prismatic  arrangement  of  Ti  atoms  around  each  B  atom.  The  TiB 
projection  is  on  the  (010)  planes,  and  the  shaded  area  represents 
the  cross  section  of  a  boron-free  "pipe".  The  TiB2  projection  is 
on  the  (0001)  plane. 

Schematic  of  the  modified  Titanium  Aluminum  phase  diagram  in  the 
vicinity  of  the  yfield.  The  solid-solid  equilibrium  between  p,  a 
and  y  has  been  based  on  high  temperature  X-ray  diffraction  experi¬ 
ments  between  42  and  50  atZAl  (88McC).  The  liquidus  and  solidus 
approximately  correspond  to  those  suggested  by  [73WiM],  while  the 
<i2  and  02  +  Y  fields  are  depicted  as  in  the  recently  assessed 
phase  diagram  [86Mur]. 

Optical  photomicrographs  of  the  as -cast  alloys  prepared  by  elec¬ 
trolytic  staining:  (a)  BHB  alloy,  T1-9.7B,  (b)  BLB  alloy,  Ti-1.3B, 
(c)  THB  alloy,  Ti-48.3A1-5.4B,  (d)  TLB  alloy,  Ti-50.3A1-0.9B.  Note 
the  differences  in  color  and  morphology  between  the  primary  bo¬ 
rides  in  (a)  and  (c). 

SEM  views  of  the  different  boride  morphologies  in  the  binary  and 
ternary  alloys,  (a)  Deep  etched  surface  of  the  BHB  alloy  showing 
a  hollow  TiB  needle;  (b)  TiB  eutectic  needles,  some  of  which  ware 
also  hollow;  (c)  Cluster  of  primary  TiB2  particles  extracted  from 
the  THB  alloy  clearly  revealing  the  hexagonal  symmetry;  and  (d) 
Secondary  boride  phases  in  the  ternary  alloys. 

Cross  sectional  TEM  view  of  a  primary  TiB  single  crystal  needle 
showing  [010]  and  [Oil]  zone-axis  patterns.  The  facets  of  the 
crystal  were  invariably  of  the  (100),  (101)  and  (101)  type. 

TEM  images  of  eutectic  TiB  particles  in  the  binary  alloys:  (a)  is 
from  the  interdendritic  segregate  in  the  BLB  alloy,  while  (b) 
shows  a  well  developed  eutectic  morphology  in  the  BHB  alloy,  (c) 
and  (d)  are  longitudinal  and  transverse  views  of  euter«-Jj  needles, 
accompanied  by  their  respective  ZAFs  in  (e)  and  (f).  Note  the 
correspondence  between  the  crystallographic  facets  of  the  needle 
in  (d)  and  those  of  the  primary  TiB  in  Figure  6. 

Three  variants  of  TiB  needles  precipitated  in  the  solid  state 
with  their  corresponding  diffraction  patterns.  The  plane  of  the 
image  is  parallel  to  the  basal  plane  of  the  a-(Ti)  matrix.  The 
[010]  axes  of  the  three  needles  fall  on  the  basal  plane  and  are 
parallel  to  the  <1120>  directions  of  a-(Ti). 
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Figure  9.  Ternary  alloy  matrix  showing  the  +  y  lath  structure  characte¬ 
ristic  of  transformed  a-(Ti)  dendrites,  in  contact  with  inter- 
dendritic  y  segregate,  (a).  The  lath  constituent  in  (b)  is  predo¬ 
minantly  y>  with  a  typical  spacing  of  ''•l. 2  pm. 

Figure  10.  Cross  sectional  TEM  view  of  a  primary  TiB2  single  crystal  showing 
the  [0001]  and  [1213]  zone  axis  patterns.  The  plane  of  the  image 
is  parallel  to  the  basal  plane  and  the  facets  are  all  of  the  type 
{1010}. 

Figure  11.  Longitudinal  (a)  and  transverse  (b)  views  of  secondary  TiB2  nee¬ 
dles  in  the  ternary  alloys,  with  their  corresponding  ZAP's.  The 
axis  of  the  needle  is  parallel  to  the  c-axis  of  the  C32  structure 
and  the  facets  in  (b)  are  all  prism  planes. 

Figure  12.  TEM  images  of  the  curly-plate  second  phases  tentatively  indexed  as 
having  a  tetragonal  structure. 

Figure  13.  SEM  view  of  the  primary  TiB2  in  a  ternary  alloy  contaminated  with 
nitrogen.  Note  the  petal- like  phases  of  composition  (Ti2Al)xBy 
attached  to  the  boride  particles. 

Figure  14.  Relationship  between  the  atomic  arrangement  in  TiB  and  the  macro¬ 
scopic  facets  shown  by  the  monoboride  needles.  The  crystal  is 
believed  to  preferentially  expose  Ti  faces  to  the  melt. 
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Figure  1.  Titanium-Boron  binary  phase  diagram  from  [86MLS].  The  maximum 

solubility  of  B  in  B-(Ti)  is  <1%  at  the  eutectic  temperature  and 
M).l%  at  the  peritectoid,  while  that  in  a-(Ti)  is  '''0.2%. 
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Figure  2.  Schematic  of  the  atomic  packing  in  TiB  and  TiB2*  Note  the  rela¬ 
tionship  between  the  crystal  structures  and  the  basic  trigonal 
prismatic  arrangement  of  Ti  atoms  around  each  B  atom.  The  TiB 
projection  is  on  the  (010)  planes,  and  the  shaded  area  represents 
the  cross  section  of  a  boron-free  "pipe".  The  TiB2  projection  is 
on  the  (0001)  plane. 
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Figure  3.  Schematic  of  the  modified  Titanium  Aluminum  phase  diagram  in  the 
vicinity  of  the  y-field.  The  solid-solid  equilibrium  between  g,  a 
and  y  has  been  based  on  high  temperature  X-ray  diffraction  experi 
ments  between  42  and  50  atZAl  [88McC].  The  liquidus  and  solidus 
approximately  correspond  to  those  suggested  by  [73WiM],  while  the 
02  and  a2  +  Y  fields  are  depicted  as  in  the  recently  assessed 
phase  diagram  [86Mur]. 


Optical  photomicrographs  of  the  as-cast  alloys  prepared  by  electrolytic  staining:  (a)  BHB  alloy, 
Ti-9. 7B,  (b)  BLB  alloy,  Ti-1.3B,  (c)  THB  alloy,  Ti-48 . 3A1-5 . 4B,  (d)  TLB  alloy,  Ti-50. 3A1-0.9B. 
Note  the  differences  in  color  and  morphology  between  the  primary  borides  in  (a)  and  (c). 


Figure  5.  SEM  views  of  the  different  boride  morphologies  in  the  binary  and  ternary  alloys,  (a)  Deep  etched 
surface  of  the  BHB  alloy  showing  a  hollow  TiB  needle;  (b)  TiB  eutectic  needles,  some  of  which  are 
also  hollow;  (c)  Cluster  of  primary  TiB2  particles  extracted  from  the  THB  alloy  clearly  revealing 
the  hexagonal  symmetry;  and  (d)  Secondary  boride  phases  in  the  ternary  alloys. 


Figure  6.  Cross  sectional  TEM  view  of  a  primary  TiB  single  crystal  needle 
showing  [010]  and  [Oil]  zone-axis  patterns.  The  facets  of  the 
crystal  were  invariably  of  the  (100),  (101)  and  (101)  type. 


Figure  7.  TQ1  images  of  eutectic  TiB  particles  in  the  binary  alloys:  (a)  is 
from  the  interdendritic  segregate  in  the  BLB  alloy,  while  (b) 
shows  a  well  developed  eutectic  morphology  in  the  BHB  alloy,  (c) 
and  (d)  are  longitudinal  and  transverse  views  of  eutectic  needles, 
accompanied  by  their  respective  ZAPs  in  (e)  and  (f).  Note  the 
correspondence  between  the  crystallographic  facets  of  the  needle 
in  (d)  and  those  of  the  primary  TiB  in  Figure  6. 


Figure  8.  Three  variants  of  TIB  needles  precipitated  in  the  solid  state  with  their  corresponding  diffrac¬ 
tion  patterns.  The  plane  of  the  image  is  parallel  to  the  basal  plane  of  the  a-(Ti)  matrix.  The 
(010)  axes  of  the  three  needles  fall  on  the  basal  plane  and  are  parallel  to  the  <1120>  directions 
of  a-(Tl). 


Figure  9.  Ternary  alloy  matrix  showing  the  +  y  lath  structure  characte¬ 
ristic  of  transformed  a-(Ti)  dendrites,  in  contact  with  inter- 
dendritic  y  segregate,  (a).  The  lath  constituent  in  (b)  is  predo¬ 
minantly  y »  with  a  typical  spacing  of  ^1.2  ym. 


Figure  10.  Cross  sectional  TEM  view  of  a  primary  TiB2  single  crystal  showing 
the  [0001]  and  [1213]  zone  axis  patterns.  The  plane  of  the  image 
is  parallel  to  the  basal  plane  and  the  facets  are  all  of  the  type 
{1010}. 


Figure  11.  Longitudinal  (a)  and  transverse  (b)  views  of  secondary  TiBj  needles  in  the  ternary  alloys,  with 
their  corresponding  ZAP’s.  The  axis  of  the  needle  is  parallel  to  the  c-axis  of  the  C32  structure 
and  the  facets  in  (b)  are  all  prism  planes. 
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Figure  13. 


SEM  view  of  the  primary  TiB2  in  a  ternary  alloy  contaminated  with 
nitrogen.  Note  the  petal-like  phases  of  composition  (Ti2Al)xBy 
attached  to  the  boride  particles. 
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figure  14,  Relationship  between  the  atomic  arrangement  in  TiB  and  the  macro 
scopic  facets  shown  by  the  monoboride  needles.  The  crystal  is 
believed  to  preferentially  expose  Ti  faces  to  the  melt. 
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Abstract 

Highly  deformed  in-situ  composites  of  a  two-phase  Cu-8.3ZA1  eutectic  al¬ 
loy  have  been  produced  by  conventional  casting  (CC)  and  directional  solidifi¬ 
cation  (DS)  followed  by  extensive  mechanical  working.  As-cast  microstructures 
are  dendritic/cellular  and  exhioit  spacings  on  the  order  of  23  pm  for  conven¬ 
tional  casting  and  185  to  136  pm  for  directional  solidification  at  3  and 
6  cm/hr,  respectively.  Cold  working  up  to  true  strains  of  e  3  5.3  (99. 5Z  CW) 
was  possible  in  the  CC  structure,  leading  to  filament  spacings  as  fine  s 
1  -  2  pm.  Mechanical  testing  of  samples  deformed  to  e  >  3  revealed  that  t..^ 
strengths  achieved  in  both  CC  and  DS  materials  are  higher  than  those  observed 
in  any  other  composite  systems  explored  to  date,  notably  Cu-Nb  and  Cu-Fe,  at 
equivalent  cold  work  strains.  It  is  believed,  however,  that  most  of  the 
strengthening  arises  from  work  hardening  of  the  matrix,  with  limited  contri¬ 
bution  of  the  second  phase  filamentary  dispersion. 
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Introduction 


In-situ  formed  filamentary  composites  are  a  class  of  materials  produced 
by  extensive  deformation  processing  of  two-phase  alloys.  Desirable  micro¬ 
structures  consist  of  an  extremely  dense  (10^  -  10*®  /cm^)  and  uniform  dis¬ 
persion  of  very  thin  (5  -  100  run)  metallic  filaments  in  a  metallic  matrix 
11].  These  composites  are  of  interest  primarily  because  of  their  enhanced 
work  hardening  behavior;  achievable  strengths  are  higher  than  those  expected 
from  a  rule  of  mixtures  calculation  based  on  the  strength  of  the  individual 
constituents  with  the  same  amount  of  cold  work  strain  (2).  Furthermore,  the 
work  hardening  rates  of  these  materials  commonly  increase  with  deformation  up 
to  true  strains  on  the  order  of  10  (99.9952  CW),  whereas  in  most  systems  re¬ 
inforced  by  non-deforming  dispersoids  the  initially  rapid  work  hardening  rate 
decreases  with  increasing  strain  [3].  In  addition  to  their  high  strengths, 
some  of  these  composites  may  also  exhibit  attractive  magnetic  or  superconduc¬ 
ting  properties  [1], 

The  strengthening  mechanisms  at  work  in  ultrafine  filamentary  composites 
are  not  completely  understood,  although  several  hypotheses  have  been  put  for¬ 
ward.  In  general,  the  strength  of  these  alloys  is  thought  to  be  associated 
with  the  high  density  of  interfaces,  but  the  role  of  those  interfaces  is 
still  a  subject  of  debate.  It  has  been  shown  that  the  UTS  exhibits  a  Hall- 
Petch  type  relationship  with  the  interfilament  spacing,  suggesting  that  in¬ 
terfaces  act  primarily  as  barriers  to  dislocation  motion  [4,5].  On  the  other 
hand,  it  has  been  proposed  that  the  most  significant  contribution  to  compo¬ 
site  strength  stems  from  the  additional  dislocations  which  are  geometrically 
necessary  to  accommodate  the  strain  incompatibility  between  the  phases  [3,6]. 
Regardless  of  the  mechanism,  it  is  generally  agreed  that  interfilament  spa- 
cings  in  the  sub-micron  range  are  desirable  to  optimize  the  interfacial  area 
per  unit  volume  and  the  resulting  strength.  It  is  also  believed  that  the  pha¬ 
ses  should  be  as  mechanically  disparate  as  possible,  but  sufficiently  ductile 
to  undergo  the  extensive  deformation  associated  with  composite  fabrication 
[61. 


By  and  large  the  composite  systems  most  extensively  investigated  are 
based  on  a  copper  matrix  with  a  bcc  second  phase,  notably  Cu-Nb  [1,4,7-11], 
Cu-Fe  [5,6,12,13],  Cu-Cr  and  Cu-Mo  [14].  Filaments  as  fine  as  10  nm  and  in¬ 
terfiber  spacings  ranging  fnra  100  nm  in  Cu-Nb  [9]  to  a  few  micrometers  in 
Cu-Fe  [13]  have  been  obtained  by  swaging  and  drawing  arc-cast  ingots  contain¬ 
ing  10  -  30  vol2  of  second  phase.  Concomitant  room  temperature  strengths  as 
high  as  2230  MPa,  or  about  G/ 20,  have  been  obtained  for  Cu-18  volZ  Nb  de¬ 
formed  to  a  true  strain  of  ''■11. 5  (99.9992  CW)  [1).  This  compares  with  maximum 
UTS  values  of  ■'<500  MPa  for  pure  Cu  drawn  to  similar  cold  work  strains  [10]. 

It  is  also  significant  that  strengthening  occurs  in  many  cases  below  the  mi¬ 
nimum  volume  fraction  of  reinforcing  phase  required  in  conventional  compo¬ 
sites  [1]. 

The  present  investigation  deals  with  in-situ  formed  Cu-matrix  composites 
produced  by  deformation  processing  of  cast  structures.  The  primary  objective 
is  to  study  the  effects  of  solidification  microstructure  on  the  material  be¬ 
havior  during  forming  and  on  the  achievable  strengths.  It  is  anticipated  that 
if  the  second  phase  could  be  aligned  and  refined  prior  to  deformation,  the 
interfilament  spacings  would  be  finer  at  any  level  of  cold  working  strain, 
thus  enhancing  the  resultant  strengthening.  While  directional  solidification 
appears  to  be  the  logical  approach  to  control  the  size  and  orientation  of  the 
second  phase,  it  has  seldom  been  coupled  with  mechanical  processing,  and  then 
only  with  limited  success  [2,15].  For  example,  DS  of  an  Ag-28.1  wtZ  Cu  eutec¬ 
tic  alloy  followed  by  wire-drawing  up  to  99.992  CW  showed  only  a  marginal  in¬ 
crease  in  strengthening  ( < 1 02 )  when  compared  with  conventionally  cast  mate¬ 
rial  cold  worked  to  the  same  strain  [2). 


Improvements  in  microstructural  refinement  and  orientation  are  optimized 
in  principle  by  plane-front  coupled  growth,  where  spacings  may  be  an  order  of 
magnitude  finer  than  those  in  dendritic/cellular  microstructures  [16].  Howev¬ 
er,  most  of  the  copper  matrix  alloys  of  interest  are  not  suitable  for  this 
approach:  Cu-Fe  is  a  peritectic  system,  theoretically  unsuitable  for  coupled 
growth  [16],  while  Cu-Nb  and  Cu-Cr  are  simple  eutectics,  but  the  volume  frac¬ 
tion  of  the  second  phase  is  minimal  at  the  eutectic  composition.  Furthermore, 
all  these  systems  have  steep  liquidi  and  the  liquid-solid  temperature  range 
opens  rapidly  with  increasing  composition. 


ATOMIC  PERCENT  Al 


WEIGHT  PERCENT  Al 


Figure  1  -  Cu-rich  end  of  the  Cu-Al  phase  diagram  from 
reference  [17].  The  eutectic  composition  is  given  in  a 
more  recent  evaluation  as  8  i  0.3  XA1  [18].  Note  that  all 
the  alloys  in  the  eutectic  range  (7.4  -  9.0  ZA1)  are  sin¬ 
gle  phase  at  room  temperature. 


A  cursory  review  of  the  Cu-X  binary  phase  diagrams  reveals  that  the 
Cu-Al  system  selected  for  this  study  is  the  only  Cu-matrix  eutectic  alloy  in 
volving  a  significant  amount  of  a  potentially  ductile  bcc  second  phase  (i.e. 
the  disordered  intermetallic  8).  Figure  1  shows  that  this  system  has  a  rea¬ 
sonably  low  eutectic  temperature  and  relatively  short  liquid-solid  ranges  on 
both  sides  of  the  eutectic  composition.  However,  the  (Cu)  +  8  two-phase 
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field  is  quite  narrow  making  the  microstructure  evolution  sensitive  to  small 
changes  in  A1  content  and/or  solidification  conditions.  For  example,  a  nega¬ 
tive  deviation  of  0.5  %A1  from  the  reported  eutectic  composition  (8.3  %A1) 
would  enhance  the  formability  of  the  alloy  as  the  volume  fraction  of  second 
phase  is  cut  in  half,  but  it  would  also  require  a  significant  reduction  in 
solidification  velocity  to  maintain  coupled  growth.  Further,  the  peculiar 
shape  of  the  (Cu)  +  8  phase  field  indicates  that  the  8.3ZA1  eutectic  alloy 
should  be  single  phase  at  temperatures  below  ''•1023  K  (750  C).  Thus,  the  se¬ 
cond  phase  is  prone  to  dissolve  partially  during  cooling  from  the  solidifica¬ 
tion  temperature. 


Experimental 

The  Cu-Al  alloy  stock  was  prepared  from  electrolytic  oxygen-free  copper 
(99.999  ZCu)  and  high  purity  A1  pellets  (99.99  %A1).  Melting  was  carried  out 
by  induction  in  a  graphite-clay  crucible  coated  with  Zr02  mold  wash.  The  melt 
was  protected  from  oxidation  by  a  CaCOj  slag  and  was  degassed  for  over  5  min. 
with  argon  injected  through  a  graphite  lance.  The  alloy  was  superheated  75  K 
above  the  eutectic  temperature  and  cast  into  graphite  molds  having  four  12  mm 
diameter,  150  ran  long  cylindrical  cavities.  The  cast  rods  were  cleaned  and 
later  used  for  directional  solidification  and/or  deformation  processing. 

Given  the  characteristics  of  the  phase  diagram  in  Figure  1,  it  was 
deemed  convenient  to  first  explore  the  effects  of  A1  content  on  volume  frac¬ 
tion  of  8  and  growth  morphology.  To  that  effect,  buttons  ranging  from  8.0  to 
10.0  wt Z  A1  were  arc-melted  in  an  argon  atmosphere  and  examined  metallogra- 
phically.  None  of  the  microstructures  exhibited  regular  coupled  growth,  as 
shown  in  Figure  2,  but  the  8.3  wtZ  A1  button  contained  about  10  -  15  volume 
percent  of  8.  which  is  on  the  lower  end  of  the  range  used  in  most  other  com¬ 
posite  systems  (10-30  volZ)  (1J.  Since  the  second  phase  is  a  disordered  in- 
termetallic,  conceivably  with  lower  ductility  than  other  reinforcements  used 
so  far,  it  was  considered  that  larger  amounts  of  second  phase  could  hinder 
the  formability  of  the  material.  Thus,  it  was  decided  to  use  the  Cu-8.3wtZAl 
alloy  for  the  initial  stage  of  this  investigation. 

Apparatus 

The  DS  apparatus,  shown  in  Figure  3,  consists  of  a  high  gradient  induc¬ 
tion  furnace  heated  by  a  cylindrical  graphite  susceptor  and  powered  by  a 
20  kW,  400  kHz  power  supply.  An  alumina  crucible  (99. 8Z  AI2O3,  13  mm  I.D.  and 
305  mm  long)  containing  the  Cu-Al  alloy  is  placed  inside  the  susceptor.  The 
whole  furnace  assembly  is  housed  in  a  quartz  chamber,  where  an  argon  flow  is 
circulated  from  the  top  to  protect  both  the  susceptor  and  the  liquid  metal.  A 
superheating  of  100  K  was  typically  achieved  in  the  molten  alloy  away  from 
the  growing  front;  this  temperature  was  held  constant  during  the  process.  A 
temperature  gradient  of  "'■50  K/cm  (measured  experimentally)  was  established  on 
tne  liquid  side  of  the  interface  by  spraying  cold  water  onto  the  crucible 
from  a  insulated  stainless  steel  ring  located  at  the  bottom  of  the  susceptor. 
The  crucible  is  slowly  withdrawn  from  the  furnace  using  an  Instron  1122  uni¬ 
versal  testing  machine  as  a  drive,  which  allowed  for  precise  control  of  the 
solidification  rate.  Two  solidification  velocities,  3  cra/hr  (8  um/s)  and 
6  cm/hr  (16  ym/s),  were  selected  for  the  initial  experiments  based  on  pre¬ 
vious  experience  with  other  alloy  systems  [e.g.  2). 

Deformation  Processing 

Prior  to  deformation  processing  the  conventionally  cast  and  directional¬ 
ly  solidified  rods  were  machined  down  to  a  diameter  of  "',10  mm  (400  mils)  in 
order  to  remove  any  superficial  oxides  and  casting  defects.  The  rods  were 
cold  worked  by  swaging,  limiting  the  reduction  in  area  to  less  than  30%  per 
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step  and  constantly  lubricating  the  dies  with  a  light  oil  to  keep  the  sample 
from  overheating.  The  direction  of  swaging  was  reversed  in  each  pass  to  pre¬ 
vent  development  of  a  spiral  texture  due  to  the  rotating  action  of  the  dies 
[19].  10  mm  long  samples  for  metallographic  examination  and  hardness  testing 
were  taken  at  each  swaging  step  beyond  e  *  1.  Material  for  about  5  tensile 
specimens  was  set  aside  at  selected  steps  above  cold  work  strains  of  2.9. 


Figure  2  -  Solidification  microstructures  of  arc-melted  Ou-Al  buttons  of 
nominal  compositions  (a)  8.0ZA1,  (b)  8.3ZA1,  (c)  8.6ZA1  and  (d)  10ZA1. 


Characterization  and  Testing 

Metallographic  samples  were  mounted  in  conducting  phenolic  resin,  me¬ 
chanically  polished  and  lightly  etched  with  a  FeClj/HCl-base  solution  to  re- 
0  veal  the  morphology  of  the  second  phase.  Achieving  a  good-quality  surface 

for  optical  examination  was  particularly  difficult  since  the  two-phase  alloy 
does  not  lend  itself  to  electropolishing  or  chemical  polishing. 
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Figure  3  -  Schematic  of  the  directional  solidifica¬ 
tion  furnace.  The  crucible  is  driven  by  an  Instron 
tensile  testing  machine  and  the  graphite  susceptor 
is  heated  by  a  20  kW,  400  kHz  power  supply. 


Microindentation  hardness  testing  was  performed  on  samples  mounted  in 
transverse  orientation  in  bakelite  and  mechanically  polished.  Indentations 
were  made  with  a  Vickers  diamond  pyramid  indenter  using  a  load  of  200  grams. 
Five  readings  were  usually  taken  from  each  sample,  one  in  the  center  and  four 
at  half  radius  around  the  center.  At  the  higher  strains  (e  >  2.9),  however, 
the  number  of  indentations  was  sometimes  limited  by  incipient  cracking  and 
the  small  cross  sectional  area  of  the  specimens. 


Tensile  testing  was  performed  on  an  Instron  1122  universal  testing  ma¬ 
chine  using  standard  grips  and  a  crosshead  speed  of  ■'•20  pm/s.  In  order  to  mi¬ 
nimize  stress  concentrations  at  the  edge  of  the  grips,  the  ends  of  the  compo¬ 
site  wire  were  sandwiched  between  two  pieces  of  soft  copper  sheet.  Although 
an  extensometer  was  used  on  many  of  the  tests,  fracture  often  occurred  out¬ 
side  the  gauge  length,  preventing  the  accurate  determination  of  yield 
strength  and  elongation  to  failure.  The  smaller  diameter  specimens,  especial¬ 
ly  those  produced  from  DS  material,  often  failed  at  preexisting  cracks  pro¬ 
duced  during  swaging.  In  those  cases  the  tests  were  repeated  on  the  remaining 
portion  of  the  specimen  until  a  reasonably  clean  fracture  was  produced. 


Mlcrostructural  Development 

The  solidification  microstructures  of  the  conventionally  cast  (CC)  and 
directionally  solidified  (DS)  rods  are  shown  in  Figure  4.  It  is  evident  that 
the  interfacial  conditions  resulted  in  a  dendritic  or  cellular  morphology 
rather  than  coupled  growth,  even  though  the  alloy  is  at  or  very  close  to  the 
reported  eutectic  composition.  In  principle,  one  could  argue  that  for  growth 
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of  (Cu)  dendrites  or  cells  to  be  favored  at  the  eutectic  composition,  the 
coupled  zone  should  be  skewed  towards  the  $  field  and  the  interfacial  super¬ 
cooling  should  fall  out  of  the  coupled  zone  in  the  phase  diagram  [20].  A 
skewed  zone  is  normally  associated  with  one  of  the  phases  growing  in  a  fa¬ 
ceted  mode,  which  is  not  evident  in  any  of  the  microstructures  and  would  not 
be  characteristic  of  either  of- the  disordered  solid  phases  involved  in  this 
system.  Furthermore,  it  is  unlikely  that  any  significant  supercooling  could 
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be  developed  at  the  relatively  low  growth  velocities  used  in  directional 
solidification3 . 

An  alternate  hypothesis  is  that  the  alloy  used  is  really  hypoeutectic, 
as  suggested  by  the  micrographs  in  Figure  2,  where  the  8.0,  8.3  and  8.6Z  al¬ 
loys  are  seen  to  contain  primary  (Cu)  with  increasing  amounts  of  8  segregate. 
EDXS  analysis  of  the  cast  samples  revealed  the  bulk  composition  of  the  alloy 
to  be  quite  close  to  8.3ZA1,  within  the  accepted  range  for  the  eutectic  com¬ 
position  specified  in  a  recent  evaluation  of  the  phase  diagram  [18].  On  the 
other  hand,  the  compositions  of  the  primary  and  segregate  phases  were  found 
to  be  -'■7.7  and  ’'■12  ZA1,  which  are  somewhat  higher  than  the  values  indicated 
in  Figure  1  but  agree  with  the  relative  amounts  of  phases  observed.  Neverthe¬ 
less,  if  the  8.3ZA1  alloy  were  indeed  hypoeutectic,  it  should  still  be  possi¬ 
ble  to  produce  coupled  growth  at  much  higher  or  much  lower  velocities  than 
those  used  up  to  this  point,  provided  that  the  coupled  zone  is  reasonably 
symmetric.  This  approach  will  be  further  explored  in  future  activities. 

Figure  4  also  shows  that  the  segregate  spacings  in  the  directionally  so¬ 
lidified  rods  are  much  larger  than  that  in  the  conventionally  cast  one.  As 
expected,  the  OS  ingot  grown  at  the  faster  velocity  exhibits  a  finer  spacing 
than  that  solidified  more  slowly,  i.e.  X  »  136  pm  and  185  pm  For  V  =  6  and 
3  cm/hr,  respectively.  It  was  rather  surprising  the  product  X2  V  was  reason¬ 
ably  constant, 

X2  V  -v  3  x  10‘ 13  m3/s  (1) 

since  that  type  of  relationship  is  predicted  for  coupled  eutectics  but  not 
for  cellular  or  dendritic  growth.  Although  Equation  (1)  is  not  expected  to 
hold  over  a  wide  range  of  velocities,  it  does  suggest  that  the  growth  rate 
would  have  to  be  substantially  increased  (i.e.  V  'v  200  cm/hr)  in  order  to  re¬ 
fine  the  DS  structures  to  the  level  observed  in  the  CC  rods.  Further  incre¬ 
ments,  of  course,  could  result  in  coupled  growth  with  a  more  significant  re¬ 
duction  in  microstructural  scale. 

The  larger  segregate  areas  in  the  directionally  solidified  material, 
such  as  that  in  Figure  4(d),  are  sometimes  found  to  be  a  mixture  of  phases 
rather  than  single  phase  8-  This  could  be  ascribed  to  coupled  growth  in  the 
intercellular  regions  during  solidification  [20]  or  to  solid  state  decompo¬ 
sition  of  the  8  phase  as  it  goes  through  the  (Cu)  +  8  field  during  cooling. 
Although  the  issue  has  not  been  resolved,  most  of  the  8  regions  are  single 
phase  and  occasionally  show  evidence  of  a  martensitic  transformation,  e.g. 
Figure  4(d),  suggesting  that  the  regions  where  phase  separation  is  observed 
form  during  solidification.  After  deformation,  these  (Cu)  +  8  areas  become 
bundles  of  second  phase  ribbons  with  some  primary  phase  included. 

Microstructure  evolution  during  deformation  processing  is  illustrated  in 
Figure  5  for  the  CC  and  the  DS  rod  solidified  at  6  cm/hr.  In  the  conventio¬ 
nally  cast  structure,  the  cold  work  progressively  develops  the  alignment  and 
refinement  of  the  microstructure,  reducing  the  interfiber  spacing  from  23  pm 
in  the  as-solidified  structure  to  ''<3  pm  after  a  deformation  strain  of  3.3 
(95Z  CW).  Further  cold  working  to  a  strain  of  5.3  (99. 5Z  CW)  decreases  the 
spacing  to  1-2  pm.  Although  these  spacings  are  comparable  to  those  produced 
in  some  Cu-Fe  composites  [13],  they  are  still  coarser  than  those  associated 
with  the  highest  strengths  obtained  in  Cu-Nb  [1]. 


Data  for  this  system  is  not  available,  but  relationships  between  veloci¬ 
ty  and  supercooling  established  for  the  (Al)+CuAl2  eutectic  [21]  suggest 
that  fiT  <  1  K  are  typical  of  the  velocities  used  in  these  experiments. 


Figure  5  -  Microstructure  evolution  during  deformation  processing 
in  Cu-8.3ZA1  CC  (left)  and  DS  at  6  cm/hr  (right).  Cold  work 
strains  are  0  (a,e),  1.0  (b,f),  1.9  (c,g),  and  3.3  (d,h).  Marker 
bars  are  50  pm  for  (a-d)  and  100  urn  for  (e-h). 
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As  expected  from  the  solidification  microstructures,  much  higher  levels 
of  deformation  strain  would  be  necessary  in  the  DS  rods  in  order  to  achieve 
the  spacings  observed  in  the  CC  microstructures.  For  example,  the  DS  micro¬ 
structure  in  Figure  5,  cold  worked  to  a  strain  of  3.3,  exhibits  a  spacing 
comparable  to  that  of  the  CC  ingot  in  the  as-cast  condition.  Further,  the 
long  residence  time  (several  hours)  in  the  liquid  state  associated  with  di¬ 
rectional  solidification  promotes  the  formation  of  porosity  defects,  in  spite 
of  the  efforts  to  control  the  environment  in  the  DS  furnace.  In  consequence, 
DS  ingots  could  only  be  deformed  to  e  ■  3.3  before  incipient  cracking  ensued, 
whereas  the  CC  ingots  were  readily  swaged  down  to  e  *  5.3.  Thus,  the  limited 
benefits  expected  from  pre-alignment  of  the  second  phase  by  DS  were  overcome 
by  the  increased  scale  and  casting  defect  population  of  the  microstructure, 
both  of  which  are  detrimental  to  the  mechanical  properties. 


Figure  6  -  Effect  of  deformation  processing  on  inter¬ 
fiber  spacing,  A,  for  conventionally  cast  and  direc¬ 
tionally  solidified  Cu-8.3ZA1. 


The  effect  of  deformation  processing  on  the  interfiber  spacing  is  depic¬ 
ted  in  Figure  6.  A  fairly  linear  trend  is  observed  in  all  cases,  with  slopes 
close  to  -0.22  (-0.5/ln  10),  or 

A  »  Aq  exp  (-0.5  e)  (2) 

This  behavior  is  expected  when  the  deformation  is  purely  axisymmetric,  l.e. 
if  the  scale  of  all  the  mlcrostructural  features  decreases  at  the  same  rate 
as  the  cross  sectional  area  of  the  rods.  It  is  generally  agreed  that  the  bcc 
second  phase  in  these  composites  undergoes  plane  strain  deformation  during 
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cold  working  [22],  as  discussed  below.  However,  the  deformation  is  in  general 
axially  symmetric  due  to  the  higher  number  of  slip  systems  active  in  the  tex¬ 
tured  fee  Cu  matrix  (13,14],  Departures  from  axisymmetric  behavior  have  been 
observed  in  Cu-Nb  and  ascribed  to  the  increase  in  the  density  of  second  phase 
filaments  on  the  cross  section  of  the  composite  [10]. 


Figure  7  -  Transverse  view  of  the  directionally  solidified  alloy 
(3  cm/hr)  after  a  cold  work  strain  of  3.3.  Note  the  curled  ribbon 
morphology  of  the  second  phase. 


A  transverse  view  of  the  microstructure  after  deformation  reveals  that 
the  second  phase  assumes  the  curled  ribbon  morphology  shown  in  Figure  7.  The 
morphology  arises  from  the  <110>  texture  developed  in  bec  crystals  during 
deformation  [22].  When  a  <110>  direction  in  a  crystal  becomes  parallel  to 
the  rod/wire  axis,  there  are  only  two  <111>  slip  directions  favorably  orien¬ 
ted  to  accommodate  the  extension.  Since  these  two  directions  lie  on  the  same 
slip  plane,  further  deformation  becomes  plane  strain,  producing  the  ribbon 
shape.  The  curling  and  kinking  of  the  ribbons  have  been  associated  with  the 
development  of  deformation  bands  within  each  crystal  due  to  the  different  ro¬ 
tations  of  neighboring  crystal  portions  to  align  a  < 1 1 0 >  with  the  wire  axis 
[19]. 


Mechanical  Properties 

Due  to  the  limited  availability  of  material  for  tensile  testing,  hard¬ 
ness  measurements  were  used  extensively  in  this  work  for  a  preliminary  eva¬ 
luation  of  the  effects  of  cold  working  on  mechanical  properties.  The  measured 
hardness  of  the  individual  phases  in  the  as-cast  DS  rod  was  80  VHN  for  the 
matrix  and  230  VHN  for  the  8  phase.  Reliable  microhardness  levels  for  each 
phase  could  not  be  determined  in  the  CC  rod  due  to  the  finer  microstructure, 
but  measurements  of  the  overall  hardness  of  a  region  containing  both  phases 
was  found  to  be  around  100  VHN,  in  reasonable  agreement  with  the  value  pre¬ 
dicted  by  the  rule  of  mixtures. 
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Figure  8  -  Work  hardening  of  Cu-8.3XA1  CC  and  DS 
alloys  as  a  function  of  true  deformation  strain. 


(X-V6) 


Figure  9  -  Vickers  hardness  as  a  function  of  \ 
for  CC  and  DS  Cu-Al  composites.  The  lowest  values  in 
each  line  correspond  to  a  cold  work  strain  of  1.0, 
whereas  the  highest  values  are  for  e  *  3.3. 
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The  effect  of  the  cold  work  strain  on  the  VHN  hardness  for  the  conven¬ 
tionally  cast  and  directionally  solidified  rods  is  shown  in  Figure  8.  It  was 
observed  that  initially  the  VHN  increases  rapidly  with  increasing  deformation 
from  ''-100  in  the  as-cast  condition  to  about  'v 255  at  a  strain  of  1.3.  The 
trend  slows  down  as  cold  working  proceeds,  with  the  hardness  increasing  only 
up  to  ^275  at  a  strains  of  3.3,  which  was  the  maximum  deformation  achieved  in 
the  DS  rods.  The  data  fall  within  a  relatively  narrow  band  with  no  clear  dis¬ 
tinction  between  the  hardness  of  the  CC  and  DS  alloys.  Note  also  that  the  ad¬ 
ditional  cold  working  of  the  CC  material  led  to  hardness  values  as  high  as 
295  VHN. 

Following  the  well  established  Hall-Petch  relationship  between  UTS  and 
interfiber  spacing,  we  have  plotted  the  VHN  number  against  1/v/A  for  the  CC 
and  DS  materials  in  Figure  9.  The  trends  are  reasonably  linear  for  the  limi¬ 
ted  range  of  experimental  values  depicted.  The  lowest  values  correspond  to  a 
cold  work  strain  of  M.O  (63!!  CW)  and  the  highest  to  a  strain  of  3.3.  As  ex¬ 
pected  from  the  previous  figure,  the  three  composites  have  approximately  the 
same  hardness  for  equivalent  strain  levels  in  spite  of  the  large  differences 
in  spacings.  This  suggests  that  the  observed  hardening  may  be  due  primarily 
to  cold  working  of  the  matrix  and  that  further  refinement  of  the  second  phase 
may  be  necessary  for  it  to  have  a  significant  effect. 
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Figure  10  -  Ultimate  tensile  strength  as  a  function 
of  cold  work  strain  for  the  conventionally  cast 
Cu-8.3ZA1  alloy  compared  with  other  systems  reported 
in  the  literature  11,6]. 
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The  ultimate  tensile  strength  of  the  conventionally  cast  material  as  a 
function  of  cold  work  strain  is  shown  in  Figure  10,  along  with  results  for 
other  in-situ  formed  copper-matrix  composites  reported  in  the  literature 
[1,6].  These  preliminary  results  are  encouraging  since  the  UTS  values  are 
significantly  higher  than  those  of  all  the  other  systems  at  comparable  levels 
of  cold  work.  Nevertheless,  the  observed  strengths  are  only  about  1/2  of  the 
maximum  UTS  achievable  in  the  best  Cu-Nb  composites,  which  can  be  cold  worked 
to  much  higher  levels  (e  'v  12).  It  should  also  be  noted  that  the  present  ma¬ 
terials  were  deformed  by  swaging,  which  is  likely  to  produce  lower  hardening 
rates  than  the  drawing  process  commonly  used  for  the  other  composites. 


Table  1  compares  the  maximum  strengths  achieved  in  the  DS  Cu-Al  compo¬ 
sites  with  those  of  the  CC  rods  and  some  relevant  standard  alloys.  As  expec¬ 
ted  from  the  microhardness  data,  the  UTS  values  for  both  CC  and  DS  materials 
at  952  cold  work  (e  =  3.3)  are  relatively  close,  in  spite  of  the  differences 
in  spacing.  Some  insight  on  whether  the  matrix  work  hardening  controls  the 
strengthening  of  these  composites  may  be  gained  by  comparison  with  a  single 
phase  a  bronze  of  similar  composition  (C61000).  If  strengthening  is  due  to 
the  matrix,  one  could  argue  that  both  materials  should  exhibit  similar  har¬ 
dening,  the  differences  in  UTS  arising  from  the  more  extensive  deformation  of 
the  composites. 


Comparison  of  the  a  bronze  with  pure  copper  in  Table  1  indicates  that 
the  incremental  strengthening  of  the  matrix  produced  by  the  dissolved  A1  is 
240  MPa  in  the  annealed  condition  and  170  MPa  after  372  CW  (f  =*  0.46).  Consi¬ 
der  now  that  pure  Cu  reaches  a  saturation  UTS  of  ''■500  MPa  after  extensive 
cold  working  [10].  The  baseline  strengthening  produced  by  the  matrix  work 
hardening-  would  then  be  500  -  240  =  260  MPa.  The  large  differences  between 
the  composite  strengths  and  the  saturation  UTS  of  Cu,  i.e.  420  to  560  MPa, 
would  then  be  the  incremental  contribution  of  the  solute.  Aluminum  additions 
above  ■'^.5  wt2  have  been  shown  to  drastically  change  the  character  of  the 
dislocation  substructure  in  copper  from  cellular  to  coplanar  arrays  by  reduc¬ 
ing  the  stacking  fault  energy  and  hinderinf  cross  slip  [23,24].  As  a  conse¬ 
quence,  the  Hall-Petch  effect  of  the  grain  size  is  enhanced  [23].  Thus,  it  is 
possible  that  the  high  composite  strengths  may  result  from  the  increased  work 
hardening  rate  produced  by  the  -il  solute  in  the  matrix,  but  the  additional 
interfaces  in  the  composite  could  also  have  a  synergistic  contribution  to  the 
strengthening. 


Table  1  -  Tensile  strength  of  Cu-8.3wt2Al  composites 
compared  with  those  of  standard  Cu  alloy  rod/wire. 


Alloy 

Processing 

2  C.W. 

UTS  (MPa) 

Pure  Cu  (C10100) 

Annealed 

240 

Drawn,  H04 

37 

380 

Cu-82A1  (C61000) 

Annealed 

480 

Drawn,  H04 

37 

550 

Cu-8. 32A1 

CC,  Swaged 

99.5 

1060 

CC,  Swaged 

95 

980 

DS  6cm/ hr.  Swaged 

95 

920 

DS  3cm/ hr,  Swaged 

95 

950 

100 


Figure  11  -  Typical  fracture  surfaces  of  CC  composites  after  cold 
work  strains  of  (a)  3.3  and  (b)  5.3.  The  corresponding  ductili¬ 
ties  are  46Z  and  10Z,  respectively. 


Figure  11  depicts  typical  fracture  surfaces  of  tensile  test  specimens  at 
two  different  cold  work  strains.  In  general,  the  fractures  are  microscopical¬ 
ly  dimpled  and  exhibit  significant  macroscopic  ductility,  but  failure  seems 
to  be  commonly  associated  with  existing  cracks  in  the  raicrostructure.  These 
could  result  from  excessive  deformation  processing,  as  in  Figure  11(b),  but 
may  also  arise  from  porosity  and  other  casting  defects.  Smaller  vertical 
cracks  are  probably  associated  with  the  jagged  appearance  of  the  fracture 
surface  in  Figure  11(a). 


Conclusions 


The  heavily  cold-worked  a-S  8.3Z  aluminum  bronzes  exhibit  promising 
strengths  when  compared  with  other  fcc/bcc  copper  composites  at  similar  de¬ 
formation  strains.  UTS  as  high  as  1060  MPa  and  hardness  values  on  the  order 
of  295  VHN  were  achieved  in  these  materials,  but  analysis  of  the  mechanical 
behavior  suggests  that  the  observed  strengthening  may  be  due  primarily  to 
cold  working  of  the  matrix. 


Whereas  the  conventionally  cast  material  may  be  cold  worked  to  99. 5Z 
(e  ■  5.3),  the  directionally  solidified  alloys  were  only  formable  up  to  95Z 
CW  (e  “  3.3),  presumably  due  to  an  increased  population  of  casting  defects. 
Spacings  as  fine  as  1-2  yra  were  achieved  in  the  CC  material,  but  directional 
solidification  at  growth  rates  up  to  6  cm/hr  resulted  in  significantly  coar¬ 
ser  microstructures  in  the  as  cast  and  deformed  conditions. 


Future  efforts  in  this  program  are  first  aimed  at  clarifying  the  contri¬ 
bution  of  the  second  phase  to  composite  strengthening  by  processing  a  single 
phase  alloy  of  the  same  composition  at  comparable  cold  work  strains  and 
studying  its  mechanical  behavior.  A  second  goal  is  to  pursue  the  development 
of  a  finer  microstructure  by  directi. nal  solidification,  perhaps  with  minor 
adjustments  in  composition.  Finally,  an  alternate  route  based  on  rapid  solid¬ 
ification,  powder  metallurgy  and  deformation  processing  will  be  explored. 
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CONTAINERLESS  PROCESSING  OF  NIOBIUM- BASED  ALLOYS* 


K.R.  Javed  and  G.  J.  Abbaschian 


Materials  Science  and  Engineering 
University  of  Florida 
Gainesville,  Florida  32611 


Abstract 

An  electromagnetic  levitation  technique  was  utilized  to  study  the  effects 
of  supercooling  and  rapid  solidification  on  the  structure  of  niobium-based 
alloys.  Processing  conditions  included  splat  quenching  and  drop  casting  of 
supercooled  samples.  Results  indicate  that  enhanced  compositional  uniformity 
and  micros true tural  refinement  can  be  achieved  in  Nb-27  Ti-35  Al,  Nb-20  Ti-21.3 
Si,  and  Nb-7.2  Al-59.7  Si  alloys.  Results  also  indicate  that  an  ordered  B2  phase 
is  retained  in  rapidly  solidified  Nb-27  Ti-35  Al  alloys.  In  the  Nb-20  Ti-21.3 
Si  alloys,  formation  of  the  brittle  (NbTi)3Si3  phase  can  be  suppressed  when 
solidified  from  a  critical  supercooling.  Potential  benefits  of  employing  rapid 
solidification  processing  to  niobium-based  alloys  are  discussed. 


*  To  appear  in  the  proceedings  of  "The  Materials  Processing  in  Space  Conference," 
The  Metallurgical  Society,  October,  1988 


Introduction 

Refractory  metals  of  group  V(B),  particularly  niobium  and  tantalum,  are 
receiving  increased  attention  as  potential  materials  for  high  temperature 
structural  applications.  Intermetallic  compounds  of  these  metals  and  their 
alloys  have  high  melting  temperatures,  low  density,  and  excellent  high 
temperature  creep  resistance.  However,  the  alloys  also  tend  to  be  fairly  brittle 
at  ambient  temperature.  The  operating  temperature  of  these  new  structural 
materials  are  expected  to  be  in  the  range  of  800-1500*C.  In  order  to  operate 
in  this  temperacure  regime,  the  new  alloys  must  have  melting  temperatures  in  the 
1400-2500*0  range.  Several  intermetallic  compounds  of  niobium,  tantalum,  and 
their  alloys  possess  such  melting  temperatures.  However,  the  mechanical  behavior 
of  these  alloys  and  their  relationship  to  different  processing  techniques,  micro- 
and  macro-alloying  have  not  been  studied  to  a  great  extent.  Most  of  these 
alloys  oxidize  above  650*C,  with  catastrophic  results[l].  Therefore,  adequate 
oxidation  resistance  is  also  required,  and  must  be  an  integral  part  of  thr  alloy 
development  program.  High  temperature  oxidation  resistance  can  be  achieved 
either  by  coating  with  other  compounds,  e.g.  silicides,  or  by  forming  a 
protective  layer  by  selective  oxidation  of  one  or  more  of  the  alloying 
element [1,2] . 

Conventional  casting  of  these  high  melting  alloys  often  leads  to  the 
formation  of  embrittling  segregates  during  slow  cooling,  as  in  the  case  of  ingot 
casting  [3].  It  has  been  shown  in  a  number  of  studies  [3-6]  that  mechanical 
behavior  at  high  temperature  is  strongly  dependent  on  both  the  structure  and 
chemistry  of  the  alloy.  It  has  also  been  shown  that  for  certain  alloy  systems, 
rapid  solidification  processing  can  lead  to  improved  mechanical  properties  [3], 
This  improvement  in  properties  is  a  direct  consequence  of  microstructural 
refinement  and  compositional  homogeneity  that  can  be  achieved  via  rapid 
solidification.  Other  effects  cf  rapid  solidification  include  solid  solubility 
extension,  creation  of  metastable  crystal  structure,  and  massive  solidification. 

Since  the  early  60' s,  workers  in  this  field  have  been  concentrating  on 
achieving  higher  cooling  rates,  principally  for  the  purpose  of  forming  metallic 
glasses  [7].  However,  in  the  past  10-15  years  a  significant  amount  of  attention 
has  also  been  focused  on  rapidly  solidified  crystalline  alloys,  especially  iron, 
nickel,  aluminum,  and  titanium  based  alloys[8-10] .  For  example,  melt  spinning 
and  powder  atomization  techniques  are  capable  of  reaching  cooling  rates  of  up 
to  million  degrees  per  second.  Such  high  cooling  rates  can  give  rise  to  large 
supercoolings,  estimated  to  be  up  to  100K,  prior  to  solidification.  For  bulk 
metallic  samples,  the  techniques  mentioned  above  are  not  applicable.  Since  the 
material  has  to  be  small  in  at  least  one  dimension  in  order  to  allow  for  the 
rapid  removal  of  the  heat  liberated  during  solidification.  However,  high 
supercooling  in  bulk  metallic  samples  can  be  obtained  by  the  electromagnetic 
levitation  melting  technique! 11-14]  .  This  in  turn  causes  solidification  with 
high  interfacial  velocities. 

It  has  been  shown  that  long  range  ordering  can  produce  a  significant  effect 
on  mechanical  behavior  in  some  alloy  systems  [5].  Ordering  can  improve 
mechanical  properties  by  altering  ductility  and  strain-hardening  rates  [15], 
Ordered  alloys  are  characterized  by  their  high  yield  and  fracture  stress  that 
are  maintained  up  to  hifh  temperacure  relative  to  unordered  alloys.  Partially 
covalent  and  ionic  bonding  is  predominant  among  these  alloys,  and  are  responsible 
for  their  high  temperature  strength.  Mechanical  behavior  of  ordered  alloys  are 
strongly  influenced  by  the  motion  of  the  superlattice  dislocations  and  their 
interaction  with  grain  boundaries,  precipitate  particles.  and  antiphase 
boundaries  (APB). 


Recently,  Cahn  and  coworkers  [5,6]  have  shown  that  antiphase  domains  (APD) 
form  only  when  the  order-disorder  transition  temperature  is  below  the  freezing 
temperature.  They  recognized  chat  the  addition  of  the  solutes  in  Ni-Al-X  alloys, 
which  lower  the  order-disorder  transition  temperature  to  below  the  freezing 
temperature,  improves  ductility  because  the  APD's  became  finer.  However,  more 
systematic  studies  are  needed  to  determine  the  effect  of  antiphase  domains  on 
ductility  in  ordered  alloys. 

From  Che  above  mentioned  studies  it  is  evident  that  room  temperature 
ductilities  of  intermetallic  compounds  and  their  alloys  can  be  altered  by 
alloying  and  proper  processing.  The  current  research  project  has  been  undertaken 
to  study  the  effect  of  supercooling  and  rapid  solidification  in  a  containerless 
inert  environment  using  levitation  melting  for  a  number  of  niobium  alloys.  In 
particular  Nb-Ti-Al,  Nb-Al-Si,  Nb-Ti-Sl,  and  more  complex  niobium  Nb-Ti-Al-Cr- 
V  alloys  were  studied.  This  paper  will  review  some  of  the  results  and  explore 
the  potential  benefits  of  rapid  solidification  on  structure,  morphology,  and 
chemical  homogeneity  in  these  alloys. 

Experimental 

Large  multiple  pass  arc  melted  buttons  each  weighing  about  200-250  gms  were 
prepared  in  a  high  purity  inert  gas  environment.  The  alloy  buttons  were  broken 
into  smaller  pieces,  each  weighing  approximately  1.2-1. 5  gms.  The  alloy  pieces 
were  arc  melted  again  in  a  furnace  chamber,  which  was  mechanically  purged  and 
backfilled  at  least  three  times  with  gettered  argon  gas,  oxygen  content  on  the 
order  of  10*u  ppm,  using  a  titanium-getter  gas  purifier.  Following  arc  melting, 
samples  were  levitated  in  an  electromagnetic  levitation  coil.  Details  of  the 
electromagnetic  levitation  technique  have  been  reported  elsewhere  [11-14,16). 
A  single  color  pyrometer,  calibrated  with  pure  niobium  as  a  standard,  was  used 
to  monitor  the  levitated  sample  temperature.  The  temperature  accuracy  is 
estimated  to  be  ±10*C.  The  thermal  histories  of  the  samples  were  recorded  from 
the  pyrometer  readings.  The  levitated  samples  were  then  quenched  either  on  a 
copper  hearth  or  in  a  moving  piston  type  splat  cooler. 

The  processed  samples  were  examined  by  x-ray  diffraction,  optical  and 
transmission  electron  microscopy.  Compositional  analysis  was  performed  in  a 
JEOL  JXA-733  electron  microprobe  using  wavelength  dispersive  spectroscopy  with 
pure  standards.  Thermal  treatment  of  selected  alloys  was  conducted  in  quartz 
capsules  that  were  purged  with  argon  then  sealed. 

Results  and  Discussion 

Nb-Ti-Al  Svstem 


The  arc  melted  button  alloys  with  an  overall  composition  of  Nb-27  Ti-35 
Al  (at.%)  showed  a  two-phase  micros tructure ,  as  shown  in  the  backscattered 
electron  micrograph  in  Figure  1.  Compositional  and  x-ray  analysis  of  the  alloy 
showed  that  the  matrix  consisted  of  (NbTi)2Al  (sigma  phase)  with  a  tetragonal 
structure  and  an  average  matrix  composition  of  Nb-26.4  Ti-34.8  Al .  Average 
composition  of  the  niobium  depleted  second  phase  was  determined  to  be  Nb-28.3 
Ti-35. 5  Al. 


Figure  1  -  Micrograph  (BEI)  of  arc 
melted  Nb-27  Ti-35  Al  alloy.  Gray 
matrix:  (NbTi)2Al  (Sigma)  phase 


Figure  2  -  BEI  micrograph  of  Nb-27  Ti- 
35  Al  alloy  showing  columnar  to 
dendritic  transition.  Sample  quenched 
on  a  cooper  hearth  from  a  superheating 
of  65  K. 


A  mixed  columnar  and  dendritic  morphology  was  observed  when  the  superheated 
alloy  was  quenched  on  the  copper  hearth.  An  example  is  shown  in  Figure  2  for 
a  sample  which  was  quenched  from  a  65  K  superheat.  The  "pancake"  shaped  sample 
showed  a  columnar  morphology  on  the  Cu  substrate  side  and  a  dendritic  morphology 
on  the  non-contact  side.  The  average  composition  of  the  niobium  rich  dendrites 
were  Nb-26.2  Ti-35. 6  Al  and  the  interdendritic  regions  showed  an  average  Nb 
concentration  of  36.4  at.%.  Since  the  growth  morphology  is  dependent  upon  the 
prevailing  heat  and  fluid  flow  conditions,  solidification  begins  at  the  bottom 
surface  which  was  in  contact  with  the  copper  hearth  as  nucleation  takes  place 
preferentially  on  that  surface.  The  solidified  layer  then  grows  into  the  melt, 
resulting  in  the  columnar  morphology.  The  melt  surface  that  was  in  contact  with 
the  purge  gas  solidified  with  a  randomly  distributed  equiaxed  dendritic 
morphology.  This  morpho Log-.-  results  from  crystals  nucleating  randomly  throughout 
the  melt  or  fror  dvtV.r  i  *o  fragments  which  are  dispersed  by  the  fluid  flow. 
Solidification  in  this  region  will  also  take  place  at  a  lower  rate  because  of 
lower  heat  transfer  condition  compared  to  the  substrate  side.  A  sharp  boundary 
region  between  the  columnar  and  dendritic  morphology  was  evident  in  the  entire 
length  of  the  cross-sectioned  sample. 


Various  levels  of  supercooling  were  obtained  in  most  of  the  Nb-27  Ti-35 
Al  alloy  samples,  with  a  maximum  supercooling  of  342  K.  Upon  solidification, 
Che  supercooled  Nb-27  Ti-35  Al  alloys  showed  a  single  phase  microstructure. 
Thermal  history  and  the  corresponding  microstructure  of  a  single  phase  sample 
chac  was  quenched  on  the  Cu  hearth  at  331  K  supercooling  is  shown  in  Figure  3. 
The  Nb  concentration  was  determined  to  be  between  37  6  to  38  2  at.%  (average 
37-9)  in  the  as-solidified  sample.  The  solidified  sample  was  of  nearly  spherical 
shape,  indicating  Chat  the  supercooled  liquid  either  recalesced  prior  to  impact 
with  the  copper  hearth,  or  became  mostly  solid  rapidly  before  the  liquid  had  time 
to  spread.  The  grain  structure  was  non-uniform  but  nearly  equiaxed. 


Figure  3:  (a)  Thermal  history  of  the  Nb-27  Ti-35  Al  alloy,  supercooled  331  K 
and  (b)  BEI  micrograph  showing  single  phase  ordered  B2  structure. 

Metastable  B2  Structure 

The  microstructure  of  another  supercooled  and  splat  quenched  Nb-27  Ti-35 
Al  alloy  was  examined  by  transmission  electron  microscopy.  Figure  4(a)  shows 
dark  field  TEM  micrograph  of  the  sample,  which  shows  antiphase  domains  (APD) . 
The  antiphase  domains  were  found  to  be  uniform  throughout  the  grain  interior 
with  APD  size  of  0.08  -  0.15  microns.  These  domains  indicate  an  ordered  phase 
which  was  determined  by  selected  area  electron  diffraction  and  x-ray  diffraction 
to  be  that  of  an  ordered  B2  (CsCl),  lm3m  structure.  The  lattice  parameter  was 
measured  to  be  approximately  3-22A. 

Figure  4(b)  shows  the  presence  of  superlattice  reflections  due  to  ordered 
structure  in  an  electron  diffraction  pattern  obtained  near  the  <OO1>0  zone  [17] . 
Strong  streaking  along  <110>£  with  associated  <110>  rel  rods  (extra  diffraction 
spots  near  the  fundamental  reflections)  surrounding  each  reciprocal  lattice 
point  and  very  faint  maxima  at  4<110>£  are  also  evident  in  the  diffraction 
pattern.  Interestingly,  streaking  is  also  observed  along  <110>;3  through 
superlattice  reflections.  While  these  observations  are  not  consistent  with  an 
ordered  B2  structure,  observations  similar  to  these  have  been  reported  in  rapidly 
quenched  Ti3Al-Nb  alloys  by  Strycor  et  al.  [18]  and  Ward  et  al.  [I3] 

It  is  also  found  that  when  two  beam  conditions  are  employed  with  g  -  <200> 
near  the  <001>/J  zone,  a  "tweed"  type  of  contrast  is  produced  in  the 
raicrostructure  as  shown  in  Figure  4(c).  The  "tweed"  structure  is  observed  as 


Annealing  of  che  splat  cooled  Nb-27  Ti-35  Al  alloy  at  AOO'C  for  2A  hours 
did  not  appreciably  alter  the  ordered  B2  phase.  However,  upon  continued 
annealing  of  the  same  sample  at  825’C  for  an  additional  3H  hours,  the  metastable 
B2  structure  decomposed  to  the  tetragonal  sigma  structure.  X-ray  diffraction 
scans  of  che  arc  melted  alloy  with  tetragonal  sigma  structure,  and  the  ordered 
B2  structure  of  a  splat  cooled  (AT  -  112  K)  alloy  are  shown  in  Figures  5(a)  and 
5(b),  respectively.  Figure  5(c)  shows  the  x-ray  diffraction  scan  of  the  same 
splat  cooled  alloy  after  annealing  at  825*C  for  3H  hours.  High  temperature  x- 
ray  diff  raction  experiments  are  currently  in  progress  to  determine  the  ordering 
transition  temperature. 
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Figure  5  -  X-ray  diffraction  patterns 
of  Nb-27  Ti-35  A1 :  (a)  arc  melted 

alloy,  showing  tetragonal  sigma 
structure,  (b)  Ordered  B2  structure 
of  a  splat  cooled  sample,  (c)  XRDA  of 
(b)  after  annealing  at  825*C  for  3  1/2 
hours . 


Phase  equilibrium  in  the  Nb-Ti-Al  system  is  poorly  understood,  primarily 
0  because  of  limited  amount  of  available  data.  Figure  6  shows  the  phase  field  of 

the  BCC  phase  at  1100‘C,  as  estimated  by  Bendersky  et  al .  [20],  based  on 

experimental  data.  The  estimated  BCC  field  where  B2  order  exists  is  shown  by 
the  dotted  line.  They  proposed  that  since  no  APB's  were  found  from  B2  ordering 
in  their  study,  the  82  phase  is  an  equilibrium  phase  at  1100*C. 


Figure  6  -  The  estimated  single  phase 
field  of  the  BCC  phase  at  1100*C  [20]  . 
Bendersky  et  al.  [20] 

O -  Ward  et  al.  [19] 

□  -  Present  study 


Since  an  ordered  B2  phase  was  observed  in  Che  splat  cooled  Nb-27  Ti-35  Al 
_  alloy  specimens,  ic  suggests  chat  the  B2  phase  exists  at  Nb  concentrations  of 

®  up  to  38  at.%.  The  temperature  where  this  phase  exists  is  above  825*C. 

Ward  et  al.  [19]  also  studied  the  effect  of  niobium  concentration  in  melt 
spun  Ti3Al-Nb  alloys.  Niobium  concentration  of  12  to  30  at.%  was  studied  and  it 
was  found  that  both  grain  size  and  antiphase  domain  spacing  become  finer  in  high 
Nb  alloys,  while  the  lattice  parameter  (measured  to  be  approximately  3.24  A) 
®  increased  slightly  as  the  Nb  content  increased.  The  APD  size  decreased  from 

0.4  microns  for  12  at.%  to  0.2  microns  for  30  at.%  Nb.  The  alloy  in  the  current 
study,  which  contained  38  at.%  Nb,  showed  even  finer  APD  spacing,  as  noted  above. 
Two  mechanisms  have  been  proposed  for  the  reduction  in  the  APD  size  [19]. 
Introduction  of  additional  heavier  niobium  atoms  in  the  alloy  reduces  diffusivity 
in  the  matrix.  Since  growth  of  APD's  are  diffusion  controlled  process,  higher 
#  niobium  concentration  would  reduce  APD  growth.  It  is  also  possible  that  the 

ordering  transition  temperature  is  decreased  with  increased  niobium  content. 
Consequently,  APD's  will  have  less  time  to  grow  during  cooling. 


Rapid  solidification  (splat  cooled  from  120  K  supercooling)  of  the  Nb-27 
Ti-35  Al  alloy  with  3  at.%  Cr  and  4  at.%  V  substituted  for  Nb  also  resulted  in 
#  an  ordered  B2  structure,  as  determined  by  x-ray  diffraction.  The  lattice 

parameter  was  measured  to  be  approximately  3-19A,  compared  to  3-22A  for  the  Nb- 
27  Ti-35  Al  alloys.  The  smaller  lattice  parameter  is  due  to  the  addition  of  Cr 
and  V  atoms  in  the  alloy,  which  have  smaller  atomic  radii.  It  has  been  shown 
[2]  that  the  Cr  and  V  addition  are  beneficial  for  high  temperature  oxidation 
resistance  of  these  alloys.  Therefore,  any  improvement  in  the  room  temperature 
f  ductility  of  this  series  of  alloys  should  be  of  significant  technological 

importance. 

Phase  Suppression  in  Nb-Ti-Si  Alloys 


The  Nb-Ti-Si  alloys  are  attractive,  primarily  because  of  their  higher 
melting  temperatures  compared  to  the  niobium  aluminides.  However,  conventional 
casting  of  these  alloys  results  in  the  formation  of  the  (NbTi)5Si3  phase,  which 
is  brittle  and  frequently  contains  thermally  induced  cracks.  Because  of  the 
presence  of  this  phase  in  the  solidified  morphology,  crack  propagation  can  result 
in  brittle  failure. 


The  microstructure  of  the  arc  melted  samples  consisted  of  dendrites  of 
primary  (NbTi)sSi3  phase  (tetragonal  I4/mcm  structure)  surrounded  by  the 
peritectically  formed  (NbTi)3Si  phase  (tetragonal  P42/n  structure)  as  shown  in 
Figure  7.  The  last  liquid  to  solidify  is  the  niobium- titanium  solid  solution 


Figure  7  -  Microstructure  of  arc  melted 
Nb-20  Ti-21.3  Si  alloy  (BEI) .  Dark 
phase:  (NbTi)5Si3,  Cray  phase: 

(NbTi)3Si,  White  phase:  NbTi  solid 
solution . 
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Figure  8  -  Mic  ros  t  rue  cure  (BF.I)  of  supercooled  Nb-20  Ti-21.3  Si:  (a)  20K,  (b) 
142K,  (c)  18SK,  and  (d)  275K;  For  the  latter  sample  ( i )  5S  i3  phase  is 

suppressed. 

containing  2-32  at.%  Si,  which  appears  as  the  white  phase  in  this  figure.  The 
structure  shoved  cracks  not  only  in  the  (NbTi)3Si3  phase,  but  also  large  cracks 
that  propagated  throughout  the  matrix. 

Various  levels  of  supercoolings  were  achieved  for  this  alloy,  with  a 
maximum  of  290  K.  The  series  of  micrographs  presented  in  Figure  8  show  the 
effect  of  supercooling.  All  samples  were  quenched  on  a  copper  hearth,  therefore 
a  similar  cooling  rate  can  be  assumed  for  all  of  them.  As  can  be  seen  in  Figures 
8(a)  -  8(c).  at  supercoolings  of  up  to  188  K,  the  solidification  begins  by  the 
formation  of  (NbTiKSi,  phase  In  all  three  of  the  above  supercooled 
microstruccuro  morphologies,  the  primary  (NbTi)3Si3  phase  is  followed  by  the 
formation  or  r <l"-7i'  Si  phase  by  peritectic  reaction  Similar  to  the  arc 
melted  samp’.--.  .  .*.h7:  Si  phase  shows  cracks  at  those  sup-rcooi ings . 

A  dramatic  change  in  the  microstructure  takes  place  when  the  sample  is 
supercooled  2’3  K.  the  silicon  rich  brittle  (NbTi).Si3  phase  is  completely 
suppressed,  as  shown  i  n  Figure  8(d).  Compositional  Line  scan  and  x-rnv  analysis 


of  the  matrix  indicated  an  average  alloy  composition  of  Nb-20-3  Ti-21-3  Si  and 
a  tetragonal  structure.  Based  on  these  results,  the  critical  amount  of 
supercooling  required  for  the  suppression  of  the  (NbTi)3Si3  phase  is  between  188 
and  275  K.  Although  the  (NbTi)5Si3  phase  is  the  thermodynamically  stable  primary 
phase,  at  large  supercoolings  nucleation  of  this  phase  is  not  viable.  The 
dominant  nucleating  phase  beyond  the  critical  supercooling  is  determined  by  the 
nucleation  kinetics  at  that  temperature  and  growth  velocities,  which  are 
dependent  on  the  driving  force  for  solidification  and  attachment  kinetics. 

Niobium  Aluminum  Silicides 

The  arc  melted  Nb-7.2  Al-59.7  Si  alloy,  shown  in  Figure  9(a),  consisted 
mostly  of  grains  of  Nb(SiAl)2  (orthorhombic  TiSi2  type  structure) .  A 
compositional  line  scan  profile  of  the  alloy  is  shown  in  Figure  9(b)  which  was 
taken  across  line  A-B  of  Figure  9(a).  From  the  linescan  and  the  corresponding 
micrograph,  it  can  be  noted  that  the  intergranular  region  consists  of  two  phases: 
the  black  phase  is  almost  pure  Al  (99 '97  at.%  A1 ,  and  the  dark  gray  phase  is  Si 
(up  to  99-9  at.%).  Niobium  concentration  in  the  grain  interior  varies  between 
35-9  to  37  at.%.  As  evident  from  Figure  9(a),  the  Nb(SiAl)2  phase  solidified 
first  and  with  continued  cooling,  the  remaining  liquid  transformed  to  Si  and  Al 
solid  solutions. 


Substantial  microstructural  and  compositional  homogeneity  was  achieved 
when  the  alloy  was  solidified  on  the  copper  hearth  from  the  supercooled  state, 
as  shown  in  Figure  10.  The  average  composition  of  the  processed  alloy  was 
determined  to  be  Nb-6-6  Al-54-6  Si.  Microprobe  analysis  of  the  processed  alloys 
also  revealed  some  Al  losses  during  levitation.  Figure  10(a)  shows  the 
microstructure  of  the  alloy  at  247  K  supercooling.  The  compositional  linescan 
shown  in  Figure  10(b),  was  taken  across  the  line  C-D  of  Figure  10(a).  The 
micrograph  shows  formation  of  niobium  rich  faceted  Nb5(SiAl)3  phase  (the  white 
phase  in  Figure  10(a))  in  a  Nb(SiAl)2  matrix.  The  niobium  concentration  in  the 
matrix  varied  from  36-37-9  at.%  and  Si  concentration  ranged  from  59.8  to  62  at.%. 
The  concentration  of  Al  in  the  Nb5(SiAl)3  phase  is  between  2-2-3  at.%. 


Figure  9:  (a)  Electron  micrograph  (SEI)  of  Nb-7.2  Al-5°.7  Si  alloy  and  (b) 

compositional  linescan  showing  Si  and  Al  in  the  incergranular  regions. 
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Figure  10:  (a)  Microstructure  of  Nb-6.6  Al-54.6  Si  alloy  quenched  on  a  copper 
hearth,  supercooled  247  K.  White  phase:  Nb5Si3,  Gray  phase:  Nb(SiAl)2,  and  (b) 
compositional  linescan  of  the  sample  across  the  line  C-D. 


In  contrast  with  the  arc  melted  samples,  no  Al  or  Si  rich  phase  in  the 
•  intergranular  region  was  observed  in  the  supercooled  sample.  It  is  possible 

that  the  Al-rich  phase  was  eliminated  because  of  the  0.6  at.%  Al  loss  in  the 
processed  alloy.  The  micrograph  (Figure  10(a))  also  reveals  some  shrinkage 
porosities  in  the  matrix  as  well  as  around  the  Nb5(SiAl)3  phase.  During  rapid 
cooling  of  the  supercooled  liquid,  Nb5(SiAl)3  phase  nucleates  first.  The 
remaining  liquid  is  Si  rich  and  Nb  depleted,  resulting  in  the  formation  of 
9  Nb(SiAl)2  phase. 


Summary 


The  following  conclusions  can  be  drawn  from  the  current  experimental 
investigation  of  the  niobium  based  alloys  using  a  containerless  processing 
technique : 


(1)  Increased  compositional  homogeneity  and  microstructural  refinement 

can  be  achieved  in  ternary  Nb-27  Ti-35  Al,  Nb-20  Ti-21-3  Si,  and  Nb- 
7-2  Al-59-7  Si  alloys  upon  supercooling  followed  by  rapid 

solidification. 

(2)  A  single  phase  microstructure  is  obtained  in  supercooled  and  rapidly 
solidified  Nb-27  Ti-35  Al  alloys.  An  ordered  B2  structure,  with  an 
average  APD  size  of  approximately  0.08-0.15  ^»ra,  was  retained  during 
solidification  of  the  alloy.  The  B2  to  sigma  transformation 
temperature  is  above  825*C  for  this  composition.  An  ordere  !  B2 
structure  was  also  found  in  Nb-27  Ti-35  Al-3  Cr-4  V  alloys  when 
splat  cooled  from  120  K  supercooling. 

(3)  Formation  of  the  brictle  (NbTi)5Si3  phase  can  be  suppressed  in  highly 
supercooled  Nb-20  Ti-21-3  Si  alloys.  The  critical  supercooling 
req-.lred  for  the  suppression  of  the  (NbTi)5Si3  phase  is  between  188 
K  and  275  K. 


(4)  During  bulk  supercooling  of  Nb-7-2  Al-59-7  Si,  the  low  melting 
interdendritic  phases  (Al  and  Si  solid  solutions)  are  eliminated, 
and  the  faceted  intermediate  Nbs(StAl)3  phase  becomes  the  primary 
nucleating  phase. 
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Abstract 

The  effect  of  solidification  processing  on  the  microstructure 
of  Ta-Ti-Al  and  Ta-Ti-Al-Cr  alloys  were  investigated  using  an 
electromagnetic  levitation  apparatus  combined  with  a  splat 
quencher.  The  alloys  containing  32  to  40  at.  %  A1  contained  the 
metastable  ordered  /?  (B2)  phase  upon  splat  quenching  of  the 
superheated  melt.  Subsequent  annealing  in  the  range  of  1000  to 
1300 *C  resulted  in  the  decomposition  of  the  metastable  phase  into 
a  stable  two  phase  mixture  of  a  and  7.  The  effects  of  annealing 
temperature  on  the  microstructure  and  mechanical  properties  were 
also  investigated. 


1 .  Introduction 


In  recent  years,  there  has  been  a  great  deal  of  interest  in 
the  potential  use  of  intermetallics  for  high  temperature  structural 
applications.  The  silicides  and  aluminides  of  refractory  metals 
are  particularly  attractive  for  these  applications  because  of  their 
high  melting  temperature,  and  superior  creep  and  oxidation 
resistances  [1-3].  However,  intermetallic  compounds  have 
inherently  poor  toughness  due  to  their  atomic  bonding 
characteristics  and  complex  crystal  structures.  Thus  the  practical 
use  of  these  intermetallics  depends  on  improving  their  toughness 
without  sacrificing  their  creep  and  oxidation  properties. 

Several  approaches  have  been  attempted  to  improve  their 
toughness,  including  microstructural  control  [4]  and  compositing 
[5].  With  microstructural  control,  the  shape  and  morphology  of 
the  constituent  phases,  which  usually  are  composed  of  a  ductile 
phase  and  a  brittle  hard  phase,  were  modified  in  order  to  improve 
their  toughness.  In  the  compositing  method,  intermetallic 
materials  have  been  used  as  the  matrix  in  order  to  exploit  their 
superior  creep  and  oxidation  resistances.  Based  on  their  high 
strength,  relatively  low  density,  and  the  ability  to  form  a 
protective  oxide  layer  at  high  temperatures,  various  compositions 
in  Nb-Ti-Al  and  Ta-Ti-Al  alloy  systems  have  been  of  special 
interest. 

In  the  Nb-Ti-Al  alloy  system,  a  region  of  compositions  where 
the  ordered  0  (B2,  D03)  phase  is  stable  has  been  observed  near  the 
titanium  rich  compositions,  as  shown  in  Fig.  1  [6-7].  The  B2  phase 
is  known  to  be  reasonably  ductile  at  ambient  temperatures  [4], 


which  can  be  advantageous  in  low  temperature  manufacturing  of 
components  for  subsequent  high  temperature  applications.  Our 
experiments,  as  described  in  Part  I  of  this  report,  have  shown  that 
it  is  possible  to  form  a  metastable  ordered  B2  phase  via  rapid 
solidification  in  alloy  compositions  that  are  in  the  a  +  7  two 
phase  field  [8].  Furthermore  the  phase  retained  at  low 
temperatures  has  higher  ductility  and  lower  strength  than  the 
corresponding  stable  7  +  a  phases.  The  retained  B2  phase  is 
metastable,  it  decomposes  to  the  stable  phases  upon  subsequent 
annealing.  Also,  the  size,  morphology,  and  spatial  distribution 
of  these  stable  phases  control  the  fracture  toughness.  It  is, 
therefore,  necessary  to  optimize  the  annealing  time  and  temperature 
in  order  to  improve  the  fracture  toughness  of  these  alloys. 

In  the  Ta-Ti-Al  alloy  system,  the  a  +  7  two-phase  region  is 
likely  to  posses  the  best  combination  of  high  melting  temperature 
and  high  strength  compared  with  the  rest  of  the  phase  fields  in 
Ta-Ti-Al  alloy  system.  Thus,  the  alloys  in  this  two  phase  region 
are  the  most  promising  candidates  for  high  temperature  structural 
applications.  However,  the  presence  of  the  metastable  B2  phase 
region  inside  the  0  +  7  two-phase  field  or  formation  of  other 
metastable  phase  have  not  been  investigated.  In  this  study  we  have 
investigated  the  effect  of  the  cooling  rate  and  alloy  composition 
on  the  metastable  B2  phase  formation  in  Ta-base  alloys.  Also  the 
effects  of  the  decomposition  temperature  on  the  microhardness  and 
fracture  toughness  of  the  alloys  were  investigated. 


2 .  Experimental  Procedure 

Four  Ta-Ti-Al  alloys  were  selected  within  the  two-phase  a  + 
7  field,  as  shown  in  Fig.  2.  The  compositions  of  the  alloys  are 
given  in  table  l.  The  alloy  samples  were  arc  melted  under  a 
gettered  argon  atmosphere  with  an  oxygen  content  less  than  10'u 
ppm.  Following  arc  melting,  the  samples  were  melted  in  an 
electromagnetic  levitation  apparatus.  The  details  of  the 
electromagnetic  levitation  technique  have  been  reported  elsewhere 
[10].  A  single  color  pyrometer,  calibrated  against  the  melting 
temperature  of  pure  niobium,  was  used  to  monitor  the  temperature 
of  the  levitated  sample.  The  molten  samples  were  then  quenched  in 
a  moving  piston  type  splat  quencher.  As  shown  in  Table  1,  the 
alloy  compositions  after  levitation  melting  are  slightly  different 
than  those  of  the  arc  melted  samples  due  to  volatilization  of 
aluminum  during  electromagnetic  leviation  melting. 

The  processed  samples  were  annealed  at  1000,  1100,  1200,  and 
1300*0  and  analyzed  using  X-ray  diffraction,  Transmission  Electron 
Microscopy,  and  optical  microscopy.  Also  microhardness  tests  were 
performed  in  order  to  measure  the  hardness  and  estimate  the 
toughness  as  a  function  of  the  annealing  temperature. 

3.  Results  and  Discussion 

3.1.  Formation  of  the  metastable  ordered  B2  phase. 

Microstructures  of  arc  melted  and  splat  quenched  Ta-1  samples 
are  shown  in  Fig.  3.  The  microstructure  of  the  arc  melted  sample 
consists  of  three  phases  with  compositions  listed  in  table  2.  The 
electron  microprobe  analysis  indicates  that  the  white  phase  has  a 


composition  of  38  at.%  Ta,  21.3  at.%  Ti,  and  40.7  at.%  Al.  This 
composition  corresponds  to  (TaTi)  3A12 . 1  This  phase  is  surrounded  by 
the  gray  phase  which  is  designated  as  (TaTi) Al .  The  interdendritic 
region  is  the  aluminum  rich  (TaTi)4Al5  phase,  seen  as  the  dark 
phase  in  the  micrographs. 

A  similar  three  phase  microstructure  was  also  observed  in  the 
sample  after  splat  quenching  from  a  75 'C  superheat.  However,  the 
compositions  of  the  phases  are  slightly  different  than  those  of  the 
arc  melted  samples.  For  example,  the  white  (TaTi)3Al2  phase  has 
an  average  aluminum  concentration  of  42.4  at.%,  while  the  gray 
(TaTi) Al  phase  contains  48  at.%  Al,  and  the  dark  phase,  the  richest 
in  aluminum,  contains  52.9  at.%  of  aluminum.  Although  the  splat 
quenched  samples  exhibited  the  same  three  phase  mixture  as  are 
melted  samples,  their  microstructures  were  refined  significantly, 
as  shown  in  Fig.  3.  X-ray  diffraction  analysis  indicated  that  the 
quenched  samples  contained  phases  which  are  mostly  likely  a2,  a, 
and  r).  Diffraction  pattern  for  a2  is  shown  in  Fig.  4.  However, 
the  diffraction  analysis  did  not  reveal  the  presence  of  a 
metastable  B2  phase. 

The  microstructures  of  the  alloy  Ta-2  in  the  as  arc  melted 
and  as  splat  quenched  conditions  are  shown  in  Fig.  5.  In  the  as 
arc  melted  condition,  the  microstructure  consists  of  two  phases, 
identified  using  X-ray  diffraction  analysis  as  a  and  7.  However, 
upon  splat  quenching,  the  microstructure  is  predominately  single- 


*The  phase  designations  are  based  on  the  measured 
compositions. 


phase.  X-ray  diffraction  analysis.  Fig.  6,  indicates  the  phase  to 
be  B2 . 

Fig.  7  shows  a  SAD  pattern  of  the  matrix  of  the  splat  quenched 
sample.  The  presence  of  streaks  and  superlattice  reflections 
support  the  x-ray  diffraction  analysis  that  the  matrix  is  an 
ordered  phase.  A  TEM  dark  field  image  of  splat  quenched  sample  is 
shown  in  Fig.  8.  As  seen  in  the  figure,  the  anti-phase  domain 
boundary  is  not  visible,  suggesting  that  the  order-disorder 
transition  temperature  is  very  close  to  or  the  same  as  the  melting 
point  of  the  alloy.  Also,  at  these  high  magnifications,  a  second 
phase  in  the  form  of  grain  boundaries  precipitates  is  visible. 

In  alloys  Ta-3  and  Ta-4,  microstructures  similar  to  those  of 
the  Ta-2  alloy  were  observed  in  the  arc  melted  condition:  the 
microstructure  again  consisted  of  two  phases,  identified  as  a  and 
7.  However,  upon  rapid  solidification  via  splat  quenching,  the 
microstructure  was  predominantly  the  ordered  B2  phase. 

Thus,  the  metastable  B2  phase  was  observed  in  the  splat 
quenched  Ta-2,  Ta-3,  and  Ta-4  alloys.  However,  in  the  Ta-1  alloy 
which  has  a  higher  aluminum  content,  no  metastable  B2  phase  was 
detected  upon  splat  quenching. 

3.2.  Decomposition  of  the  metastable  ordered  B2  phase. 

The  decomposition  behavior  of  the  metastable  B2  phase  upon 
annealing  is  important  in  controlling  the  properties  of  the  alloys, 
since  the  size  and  spatial  distribution  of  the  stable  phases  affect 
the  strength  and  toughness  of  the  alloy.  Fig.  9  shows  the 
microstructures  of  alloy  Ta-2  after  annealing  at  1000,  1100,  and 


1300 °C  for  two  hours.  It  can  be  seen  that  the  single  metastable 
B2  phase  decomposes  into  two  phases,  which  were  identified  as  a 
and  7,  in  agreement  with  the  ternary  isotherm  at  1100 “C  (Fig.  2) . 
The  white  phase  in  Fig.  9  is  the  tantalum  rich  a  phase  ((TaTi)2Al) 
which  is  known  to  be  very  brittle,  whereas,  the  black  phase  is  the 
aluminum  rich  7  phase  (TiTa)Al  which  is  a  relatively  ductile 
intermetallic  compound. 

Microhardness  of  the  annealed  samples  was  measured  using  a  200 
gram  load.  As  seen  in  Fig.  10,  the  microhardness  in  the  as 
quenched  condition  shows  the  lowest  value,  while  subsequent 
annealing  increases  the  microhardness  significantly.  This  increase 
corresponds  to  the  decomposition  of  the  soft  B2  phase  into  a  harder 
o  +  7  two-phase  mixture.  The  microhardness  decreases  slightly  with 
increasing  temperature,  which  may  be  related  to  the  microstructural 
coarsening. 

In  some  of  the  annealed  samples,  small  cracks  were  observed 
at  the  edge  of  microhardness  indentations.  As  shown  in  Fig.  11, 
the  crack  length  tends  to  decrease  as  the  annealing  temperature 
increases,  indicating  that  the  toughness  increases  with  the 
annealing  temperature.  This  behavior  might  be  due  to  the 
coarsening  of  the  relatively  ductile  7  particles  in  the  a  matrix. 
However,  it  should  be  noted  that  the  lengths  of  cracks  were  not 
long  enough  to  quantify  the  toughness  of  the  material  by  the 
microhardness  indentation  method.  Nonetheless,  the  crack  length 
data  can  be  used  as  a  qualitative  indicator  of  the  fracture 
toughness . 


Qualitatively,  as  the  annealing  temperature  increases,  the 
microstructure  becomes  coarser  and  the  toughness  increases.  Such 
a  trend  is  commonly  attributed  to  the  "bridging  toughening 
mechanism"  of  brittle  matrix  by  a  ductile  second  phase  [11]. 
According  to  this  mechanism,  the  toughness  of  the  composite 
increases  as  the  size  of  the  ductile  particle  increases.  However, 
for  the  ct+7  alloys,  the  limited  ductility  of  7  phase  might  not  be 
adequate  to  produce  toughening  via  the  bridging  mechanism,  and 
other  toughening  mechanisms  such  as  crack  deflection  or  branching 
might  be  operating.  Therefore,  determination  of  the  exact 
toughening  mechanism  requires  further  investigation. 

5 .  Summary 

For  Ta-base  alloys,  rapid  solidification  results  in  the 
formation  of  a  metastable  ordered  0(B2)  phase  upon  quenching  of  the 
levitated  Ta-26Ti-36  A1 ,  Ta-27Ti-34Al ,  and  Ta-23Ti-44Al-4Cr  melts. 
However,  no  metastable  ordered  phase  was  obtained  in  Ta-25Ti-46Al 
alloy.  Subsequent  annealing  of  the  metastable  phase  resulted  in 
the  formation  of  a  and  7  phases.  The  effects  of  annealing 
temperature  on  the  microstructure  and  mechanical  properties  were 
also  investigated. 
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Table  1.  The  composition  of  the  alloy  investigated  in  this  study. 

(All  compositions  are  in  at.%) 


Alloy 

Arc-melted 

Levitation  Processed 

Ta-1 

Ta  -  24.7  Ti  -  45.8  A1 

Ta  -  25.5  Ti  -  45.5  Al 

Ta-2 

Ta  -  26.8  Ti  -  33.6  A1 

Ta  -  25.7  Ti  -  32.4  Al 

Ta-3 

Ta  -  26.4  Ti  -  35.5  Al 

Ta  -  26.9  Ti  -  33.1  Al 

Ta-4 

Ta  -23 . ITi  -44.0Al-4.0Cr 

Ta  -22.7Ti-40.4Al-3.5Cr 

Note:  The  slight  changes  in  the  alloy  composition  are  related 
to  aluminum  losses  via  vaporization  during  processing. 


Table  2.  Phase  compositional  analysis  of  the  alloy  Ta-1  using 
microprobe.  (All  compositions  are  in  at.%) 


Sample 

Ta 

Ti 

Al 

Phase* 

11.1 

32.9 

56.0 

(TaTi)  4A15 

arc-melted 

27.6 

25.4 

47.1 

(TaTi)Al 

38.0 

21.3 

40.7 

(TaTi) 3A12 

splat- 

18.4 

28.8 

52.9 

quenched 

25.6 

26.4 

48.0 

(TaTi) Al 

33.2 

24.5 

42.4 

(TaTi)  3A12 

* 


the  designation  is  based  on  the  compositional  analysis. 


The  estimated  single  phase  field  of  the  BCC  phase  at 
1100’C  [7], 

a  Bendersky  se  al.  [7] 

O  Ward  et  al.  [6] 

■  Kazi  et  al.  [8] 


(222) 


SAD  of  matrix  of  alloy  Ta-2.  The  superlattice  reflection 
is  observed  suggesting  that  the  matrix  is  ordered  phase. 


TEM  micrograph  of  alloy  Ta-2  showing  the  predominant  B2 
phase  with  second  phase  precipitations  at  grain 
boundaries . 
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Introduction 

The  needs  for  improved  high  temperature  structural  materials  are 
widespread  with  much  of  the  current  attention  focussed  on 
aerospace  applications.  For  structural  materials,  high  strength 
and  stiffness  at  elevated  temperature  are  key  requirements  of  the 
components  which  must  also  have  some  ductility  at  both  elevated 
and  temperatures.  Oxidation  and  corrosion  resistance  are  also 
needed  in  terms  of  microstructure  stability.  Current  materials 
based  on  nickel  alloys  are  limited  for  further  improvement  since 
their  current  operating  temperatures  are  already  inexcess  of  80% 
of  the  melting  temperature.  The  development  of  new  intermetallic 
alloys  offers  the  promise  of  retaining  higher  strength  at  higher 
temperatures  which  is  required  for  improved  performance. 

In  the  current  program  the  objective  is  to  develop  a 
refractory  intermetallic  capable  of  surviving  as  a  structural 
material  in  the  temperature  range  of  14 00-1600 ‘C.  Along  with 
this  requirement  a  lower  density  than  conventional  nickel  based 
alloys  as  well  as  comparable  or  superior  strength  and  creep 
properties  at  elevated  temperatures  are  necessary.  At  the  onset 
it  is  clear  that  all  of  these  requirements  may  not  be  necessarily 
met  by  a  single  monolithic  component,  but  rather  such  a  component 
could  form  the  basis  of  a  composite  material  with  an  engineered 
microstructure  designed  to  offer  a  combination  of  properties  in 
order  to  satisfy  the  above  mentioned  requirements. 

The  performance  of  advanced  composites  and  their  stability 
are  dominated  by  characteristics  of  the  internal  interfaces.  At 
the  same  time  these  interfaces  are  strongly  influenced  by  the 


interaction  of  the  various  phases  and  the  material  processing 
pathways  employed  to  produce  the  interface.  Indeed  in  order  to 
achieve  the  desirable  combination  of  mechanical  and  chemical 
interface  stability  it  is  essential  to  consider  material 
processing  variables  from  the  onset  of  fabrication.  Among  the 
most  fundamental  data  needed  for  the  development  of  a  new  process 
or  the  improvement  of  an  existing  one  are  the  relevant  phase 
diagrams  both  the  stable  and  metastable  conditions.  In  the  case 
of  intermetallic  matrix  composites  the  phase  diagrams  that  are 
relevant  are  at  least  of  ternary  order.  On  the  basis  of  these 
diagrams  it  is  possible  to  select  combinations  of  phases  which 
may  possess  the  desirable  properties.  In  addition  to  phase 
diagram  data,  kinetic  data  are  required  to  understand  and  control 
the  possible  chemical  interactions  at  the  interfaces  in  a 
composite  system. 

The  research  activities  at  the  University  of 
Wisconsin-Madison  involve  interrelated  efforts  which  have  been 
focussed  on  the  determination  of  phase  equilibria  and 
interdiffusion  kinetics  in  selected  high  temperature 
intermetallic  systems.  In  conjunction  with  the  experimental 
studies  several  approaches  are  also  being  examined  to  develop 
models  for  the  analysis  of  microstructural  evolution  and  to 
provide  a  basis  for  predictive  capability  during  various 
materials  processing  steps.  A  central  objective  in  the  studies 
is  the  production  of  composite  systems  with  well  controlled 
microstructural  features  that  have  been  identified  in  the 
structural  mechanics  model  efforts  and  also  in  the  oxidation 
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studies.  In  fact  as  a  result  of  initial  studies  by  industrial 
laboratory  scientists  it  has  been  established  that  Ta  and 
particular  Ta-Ti-Al  alloys  offer  the  potential  for  suitable 
oxidation  resistance  for  the  program  temperature  range  goal. 
From  this  basis  studies  have  been  initiated  to  evaluate  the  phase 
equilibria  in  the  ternary  Ta-Ti-Al  system  and  to  evaluate  the 
interdiffusion  kinetics  for  selected  alloy  phase  composition  in 
this  ternary  system. 

Approach 

The  approach  to  evaluating  phase  equilibria  and  diffusional 
interactions  involves  the  examination  of  as-cast  and  annealed 
alloys  and  diffusion  couples  in  the  ternary  Ta-Ti-Al  system. 
Bulk  alloy  compositions  in  the  as-cast  and  annealed  (at  1100  and 
1400 *C  for  48  hours)  conditions  were  examined  by  metallographic 
techniques  (optical  and  scanning  electron  microscopy)  x-ray 
diffraction  analysis  and  electron  microprobe  analysis  (EPMA)  to 
identify  the  coexisting  phases  and  to  determine  the  equilibated 
compositions.  The  analysis  of  annealed  samples  was  supplemented 
by  comparison  with  calculated  phase  equilibria  based  upon  the 
analysis  of  the  binary  Ti-Al ,  Ti-Ta,  and  Ta-Al  systems  from  a 
Thermocalc  computation  to  evaluate  the  liquidus  and  relevant 
isothermal  sections  in  the  ternary  system  at  several 
temperatures.  The  computer  calculation  of  phase  equilibria  was 
conducted  at  NIST  by  Dr.  Kattner. 

For  the  diffusion  couple  samples  several  compositions  in  the 
binary  Ti-Ta  system  were  sputtered  deposited  onto  a  7-TiAl  alloy 
substrate  using  a  dual  source  method.  The  thickness  of  the 
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deposited  layer  varied  from  30-150  /im.  The  interdiffusion 
experiments  were  carried  out  in  sealed,  argon-filled  quartz 
capsules  in  order  to  minimize  reaction  between  the  samples  and 
the  quartz  capsules.  The  samples  were  coated  with  yttria  and 
wrapped  with  tantalum  foil.  They  were  annealed  at  a  fixed 
temperature  for  a  period  of  time  and  quenched  in  ice-water.  The 
quenched  samples  were  characterized  by  optical  microscopy,  SEM 
and  EPMA.  In  addition  to  probing  the  various  phase  fields  for 
solubility  in  the  ternary  system  and  the  identification  of 
possible  ternary  alloy  phases,  the  diffusion  couple  experiments 
provided  information  on  the  interdiffusion  rates  which  were 
obtained  from  an  analysis  of  the  layer  growth  kinetics  as 
determined  by  metallographic  analysis. 

Background 

While  good  progress  has  been  made  in  clarifying  the  binary 
equilibrium  diagrams  for  the  alumindes  especially  in  the  case  of 
the  Ti-Al  system  (1,2).  There  are  still  a  number  of  questions 
that  remain  to  be  resolved.  For  example,  in  the  Ta-Al  system 
previous  work  has  reported  existence  of  only  2  phases,  Ta2Al  and 
TaAl3.  However,  recent  studies  have  indicated  a  third 
intermetallic  phase  between  the  existing  previously  reported  ones 
with  composition  near  TaAl(3).  The  information  on  the  ternary 
Ta-Ti-Al  system  is  also  quite  limited.  There  have  been  only  two 
reports  dealing  with  the  phase  equilibria.  In  1966  Raman (4) 
proposed  in  isothermal  section  at  1000 *C  as  shown  in  Fig.  1  which 
reveals  extensive  solubility  of  the  0 (bcc) ,  a,  a2(D0ig),  7 (Ll0) 
and  complete  solubility  of  the  17  ( D022 )  phases  within  the  ternary 


5 


system.  From  this  limited  study  no  new  ternary  phases  were 
reported.  Subsequently,  in  1983  Sridharan  and  Nowotny  (S&N) 
reported  an  isothermal  section  at  1100 *C  which  confirmed  the 
extensive  solubility  into  the  ternary  system  of  the  various 
binary  phases  and  the  complete  miscibility  between  TaAl3  and 
TiAl3  but  did  not  consider  a  third  intermetallic  in  the  Ta-Al 
system  between  Ta2Al  and  TaAl3.  This  diagram  is  shown  in  Fig.  2 
and  reveals  a  general  correspondence  between  the  1000  and  1100 °C 
isothermal  sections. 

Based  upon  these  previous  studies  a  computer  analysis  of  the 
phase  equilibria  was  initiated  to  provide  working  estimates  at 
other  temperatures  and  to  obtain  an  estimate  of  the  liquidus 
projection  in  the  Ta-Ti-Al  system.  In  the  calculation  a  phase 
diagram  for  the  Ta-Al  system  was  used  which  contains  only  the 
Ta2Al  and  TaAl3  phases.  The  calculation  was  performed  on  the 
basis  of  a  Thermocalc  program  available  at  NIST.  The  equilibria 
for  the  1100 °C  isothermal  section  is  shown  in  Fig.  3  and  reveals 
a  general  correspondence  with  results  reported  by  S&N.  The 
isothermal  sections  at  1300,  1400  and  1500 'C  are  shown  in  Figs. 
4-6.  As  the  temperature  increases  the  existence  of  the  7-0 
equilibria  diminishes  in  extent  and  at  1500 'C  is  replaced  by  a 
liquid  phase.  This  is  also  shown  in  the  liquidus  projection  given 
in  Fig.  7  where  a  peritectic  reaction  at  1468*C  is  indicated  and 
a  ternary  eutectic  between  the  D022,  o  and  7  phases  is  shown  at 
1394 *C.  Although  these  calculations  are  only  a  first  estimate, 
they  do  provide  a  useful  guidance  in  interpreting  the  alloy 
solidification  pathways,  the  thermal  stability  and  the  structural 
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evolution  during  elevated  temperature  annealing.  The  results 
have  also  provided  useful  guidance  in  selecting  alloy 
compositions  to  test  the  various  phase  equilibria  indicated  at 
the  selected  temperatures.  In  order  to  provide  an  evaluation  of 
the  previous  partial  studies  of  phase  equilibria,  the  initial 
program  was  designed  to  provide  a  testing  of  the  previous  results 
and  new  information  on  the  phase  equilibria  at  1100 "C  where  most 
of  the  previous  information  has  been  reported. 


Isothermal  Section  of  the  TaTiAl  System  at  1100 * C  (Preliminary 
Determination  and  Evaluation ) 

As  noted  previously  the  experimental  investigation  of  phase 
equilibria  at  1100 °C  in  the  ternary  Ta-Ti-Al  system  was  based 
upon  examination  of  bulk  alloy  samples  that  have  been  provided  by 
Pratt  &  Whitney  and  Lockeed  and  also  upon  the  tie-line 
information  determined  from  diffusion  couples  initially  prepared 
by  Pratt  &  Whitney.  The  annealing  treatments  on  both  bulk  alloys 
ranged  from  two  days  at  1100 *C  to  periods  of  more  than  a  week. 
The  diffusion  couple  studies  varied  from  1-90  hours.  These 
studies,  although  incomplete,  do  provide  a  fair  assessment  of  the 
1100 * C  isothermal  section  and  allow  for  an  evaluation  of  the 
reliability  of  the  previously  published  diagrams.  In  order  to 
provide  a  clear  comparison  between  current  and  previously 
published  isothermal  section  the  findings  of  the  current  study 
will  be  plotted  on  the  previously  published  diagram.  A  summary 
of  the  alloy  compositions  that  were  studied  and  the  phase 
equilibria  findings  is  given  in  Table  I. 
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From  the  aluminum  rich  corner  the  first  alloy  phase 
encountered  is  Al3Ti,  Al3Ta  which  has  a  D022  structure  in  both 
the  binary  TiAl  and  TaAl  system.  As  reported  by  S&N  the  ternary 
solutions  of  the  two  binary  phases  form  a  completely  soluble 
system  with  lattice  parameters  varying  in  an  almost  ideal  fashion 
as  shown  in  Fig.  8.  In  the  current  studies  two  samples  (204  and 
280)  have  established  the  boundaries  between  the  rj  phase  the  7 
phase  as  plotted  on  the  diagram  in  Fig.  9.  It  is  apparent  based 
upon  the  tie-line  information  established  from  these  samples  that 
the  tj  phase  exhibits  some  breath  in  the  ternary  system  with 
compositions  departing  from  the  stoichiometric  value  of  25  atomic 
percent  aluminum  by  almost  4  atomic  percent  towards  the  TiTa  rich 
alloys.  This  behavior  is  very  analogous  to  the  observations 
reported  for  the  Ti-Al-Nb  system  (6) . 

The  7  phase  has  been  determined  to  have  an  extensive  range  of 
solubility,  of  the  order  of  20  atomic  percent  along  the 
equiatomic  direction  in  aluminum  content.  This  is  confirmed  by 
Sample  204  as  part  of  a  3-phase  equilibrium  which  is  illustrated 
by  the  micrograph  in  Fig.  10.  Moreover,  lattice  parameters 
calculated  from  x-ray  diffraction  measurements  show  only  minor 
changes  in  the  c/a  ratio  with  Ta  additions.  The  third  phase  in 
Sample  204  has  been  tentatively  identified  as  a.  However,  not 
all  of  the  diffraction  lines  obtain  from  Sample  204  can  be 
indexed  as  a  reflections.  Due  to  overlap  of  the  reflections 
with  7  and  17  phase  peaks  a  positive  identification  of  the  third 
phase  has  not  been  possible  at  this  time.  It  is  possible  for  the 
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a  third  phase  in  204  to  be  an  extension  of  the  AlTa  phase  into 
the  ternary  system.  This  is  under  further  investigation  at  the 
present  time. 

Alloys  in  the  two-phase  region  between  a  and  7  have  shown 
good  promise  as  candidate  alloys  for  high  temperature 
application.  Several  compositions  in  the  two-phase  a+7  region 
exhibit  exceptional  oxidation  resistance  and  also  display 
adequately  high  melting  temperatures  to  satisfy  the  program 
goals.  With  this  in  mind  several  alloy  compositions  within  this 
range  were  examined  by  electron  probe  analysis  as  well  as  with 
microstructural  and  x-ray  diffraction  measurements.  The 
microstructure  developed  in  a  +  7  two-phase  alloys  is  illustrated 
in  Fig.  11.  The  tie-line  information  determined  in  these  samples 
is  plotted  in  Fig.  9.  Although  there  is  some  scatter,  perhaps  due 
to  incomplete  equilibration,  the  general  trend  of  the 
measurements  is  quite  clear.  The  extensive  solubility  of 
tantalum  in  the  7  phase  is  confirmed.  Moreover,  the  tie-lines  on 
the  a  side  also  indicate  extensive  penetration  of  the  a  phase 
into  the  ternary  system.  The  assignment  of  phase  boundaries 
within  the  two-phase  7+0  field  was  based  upon  the  tie  triangle 
information  provided  by  Sample  204  on  the  aluminum  rich  side  of 
the  two-phase  region.  On  the  titanium  rich  side  the  a  boundary 
was  set  by  three-phase  equilibrium  between  o,  a2  and  a  ternary 
phase,  from  Sample  203.  The  7  phase  boundary  on  the  titanium 
rich  side  of  the  two-phase  region  has  been  placed  near  the 
mid-range  of  the  reported  tie-line  measurements. 
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Information  on  the  0  region  has  been  principally  provided  by 
the  diffusion  couple  measurements  which  are  described  in  detail 
in  a  subsequent  section*  The  results  of  tie-line  measurements 
indicate  significant  revision  of  the  previously  published  diagram 
is  necessary.  For  example,  four  tie-lines  have  been  established 
involving  a  ternary  phase  near  the  composition  Ti2AlTa.  These 
tie-lines  involve  a  0-T  determination  and  three  a2-T 
determinations  as  well  as  the  tie-triangle  established  on  Sample 
203  between  a  a2  and  T.  The  Microstructure  for  Sample  203  is 
presented  in  Fig.  12  and  indicates  a  decomposition  during  cooling 
from  high  temperatures  after  solidification  as  primary  0  phase 
and  perhaps  even  after  long  annealing  times.  Is  clear  that 
either  rapid  quenching  or  high  temperature  measurements  will  be 
necessary  to  define  fully  the  structure  of  the  ternary  T  phase. 
However,  in  analogy  with  recent  findings  in  the  Ti-Al-Nb  system 
it  is  possible  that  the  T  phase  may  represent  a  B2  structure. 

When  the  present  measurements  are  compared  to  the  previous 
diagram  reported  by  S&N  as  shown  in  Fig.  9  is  clear  that  the 
preliminary  version  reported  by  S&N  requires  extensive  revision. 
Not  only  are  the  various  phase  two-phase  regions  in  need  of 
significant  modification,  but  also  the  previous  work  has  missed 
some  important  features  of  the  phase  equilibria.  For  example, 
the  width  of  the  17  phase  is  significantly  broader  than  reported 
previously.  The  two-phase  0+7  region  requires  extensive 
modification  of  the  phase  boundaries.  Since  these  two-phase 
alloys  have  attractive  high  temperature  properties  and  appear  to 
be  ammenable  to  microstructural  variation  to  minimize  any 
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cracking  tendency  due  to  the  a  phase,  this  revision  is  important. 
However,  perhaps  the  most  significant  revision  is  the  presence  of 
a  ternary  phase  near  the  composition  Ti2AlTa.  This  phase  has 
been  completely  overlooked  in  all  previous  studies  perhaps  due  to 
contamination  based  upon  the  annealing  procedure  used  or 
incomplete  equilibration  times.  Another  factor  of  importance  is 
related  to  the  decomposition  of  this  ternary  T  phase  into  other 
phases  upon  cooling  from  the  equilibration  temperature.  This  may 
have  confused  the  interpretation  in  the  previous  work.  However, 
the  diffusion  couple  measurements  provide  a  retention  of  the 
compositional  information  established  during  the  interface 
equilibration  at  high  temperature  during  the  1100 *C  annealing 
treatment.  Upon  cooling  a  diffusion  couple  this  compositional 
information  is  retained  even  though  the  structural  identity  of 
the  phases  involved  in  the  high  temperature  interfacial 
equilibrium  may  have  undergone  alteration  to  other  structures  in 
the  system.  This  is  an  important  advantage  in  the  use  of 
diffusion  couples  to  establish  high  temperature  phase  equilibria 
information.  Nevertheless,  structural  information  is  important 
and  efforts  are  in  progress  to  provide  an  identification  of  the 
structural  identity  of  the  T  phase.  The  revised  isothermal 
section  at  1100 *C  for  the  Ta-Ti-Al  system  based  upon  the  current 
observations  is  presented  in  Fig.  13  and  includes  information 
from  annealed  bulk  alloy  samples  as  well  as  the  diffusion  couple 
tie-line  determinations. 


Interdiffusion  Kinetics 


In  most  composite  systems  of  interest  the  kinetics  of  the 
chemical  interactions  and  interdif fusional  mixing  at  the 
composite-particulate  matrix  interface  play  a  central  role  in 
determining  the  evolution  of  an  overall  structure  and  its 
mechanical  performance.  In  the  present  work  the  interfacial 
reactions  and  interdiffusion  between  the  7  TiAl  phase  and  various 
BCC  Ta-Ti  alloys  were  studied  to  determine  the  interaction 
products  and  phase  stability.  By  carefully  monitoring  the 
dif fusional  interaction  and  diffusion  interface  compositions,  it 
has  been  possible  also  to  obtain  tie-line  information  in  Ta-Ti-Al 
alloys  and  new  information  on  the  dif fusivities.  It  is  expected 
that  these  results  will  be  of  further  use  in  designing  composite 
structures  for  compatibility  of  the  constituents  as  well  as  long 
term  thermal  stability  at  high  temperatures.  Moreover,  the 
approach  of  examining  diffusion  couples  provides  extremely  useful 
information  for  phase  diagram  calculations  and  also  very 
practical  information  on  the  variation  of  phase  solubilities  with 
temperature . 

In  the  present  studies  the  identification  of  suitable 
compositions  for  diffusion  couples  was  based  upon  a  substrate 
consisting  of  a  TiAl  alloys  near  the  Ti  limit  of  the  solubility. 
Various  overlayers  ranging  from  pure  Ta  to  high  titanium  Ta-Ti 
alloys  were  placed  in  contact  with  the  substrate  either  by  a  dual 
source  sputter  deposition  method  or  through  a  hipping  process 


at  high  temperatures.  The  overlayer  thicknesses  ranged  from  30 
microns  to  150  microns  for  the  sputter  deposited  layers  to  a  bulk 
diffusion  couple  pair  in  the  case  of  the  hipped  sample. 

An  example  of  the  starting  state  of  an  as-deposited  couple  is 
shown  in  Fig.  14  for  a  p  (Ti82Ta18)/7  couple.  As  noted  in  the 
composition  profile  some  interdif fusional  mixing  occurred  during 
the  preparation  of  the  sample  which  required  heating  the 
substrate  to  temperatures  of  the  order  of  400 *C  in  order  to 
release  stresses  and  allow  for  good  adhesion  of  the  overlayer. 
This  minor  amount  interdif fusional  mixing  in  the  as-deposited 
state  however,  was  not  a  serious  problem  in  influencing  the 
subsequent  development  of  the  phases  during  interdiffusion  at 
elevated  annealing  temperatures.  For  example,  the  progress  of 
diffusion  in  this  couple  as  a  function  time  at  1100  “C  is 
illustrated  in  Fig.  15  and  Fig.  16.  Another  couple  based  on 
P (TiygTa22 ) /7  was  also  examined  for  various  times  at  1100 "C  and 
interactions  that  developed  are  shown  in  Fig.  17  and  Fig.  18 
where  the  microprobe  composition  determinations  as  a  function  of 
interdiffusion  distance  are  presented.  The  appearance  of  a 
couple  after  annealing  at  1100 *C  for  50  hours  is  indicated  in 
Fig.  17  where  a  clearly  developed  layer  with  a  composition 
corresponding  to  the  a2  phase  is  shown  with  a  thickness  of  the 
order  of  20  microns.  It  is  important  to  note  that  the  layer 
appearance  is  one  of  a  planer  more  morphology  which  indicates  the 
development  of  stable  interdiffusion  interphases.  This  feature 
is  of  importance  in  the  reliable  of  determination  of  tie-line 
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compositions  as  well  as  in  determining  accurately  the  layer 
growth  kinetics  for  the  reaction  production  phase  i.e.  a2 
structure . 

Another  example  illustrating  the  development  of  planar 
interdiffusion  interfaces  is  shown  in  Fig.  19  for  a  /9  (Ti40Ta60)  /i 
couple  after  annealing  at  1100 *C  for  90  hours.  The  planar  0/a2 
and  a2/7  interfaces  are  clearly  evident.  The  composition  across 
the  a2  region  is  also  quite  clearly  defined.  However,  after  90 
hours  of  annealing  diffusion  in  the  0  phase  has  allowed  for 
penetration  of  aluminum  to  the  surface.  In  fact,  as  the  summary 
in  Fig.  20  indicates  some  A1  penetration  has  developed  after  a  65 
hour  anneal  at  1100 *C.  Under  such  conditions  the  boundary 
conditions  for  solution  of  the  diffusion  equation  have  been 
modified  and  are  now  time  dependent  so  that  extensive  annealing 
at  high  temperatures  is  not  possible  for  the  deposited  couples. 
Nevertheless,  these  couples  still  yield  very  useful  and  important 
information  about  the  tie-line  compositions  between  0  and  a2  and 
a2  and  7.  Extended  annealing  is  useful  in  this  regard  to  insure 
that  an  apparent  tie-line  composition  between  two  adjacent  phases 
that  is  established  early  in  the  diffusion  process  is  maintained 
after  extended  annealing.  If  the  initial  appearant  tie-line 
composition  is  modified  during  annealing,  then  it  is  a  metastable 
tie-line  which  is  converted  into  a  stable  one  during  extended 
annealing  treatment. 

Another  diffusion  couple  between  pure  Ta  and  7  produced  by 
hipping  was  also  examined  by  annealing  at  about  1100 *C  for  100 
hours  as  indicated  in  Fig.  21.  In  addition  to  the  development  of 


an  a2  interphase  there  is  a  plateau  in  the  composition  distance 
profile  suggesting  a  ternary  phase  is  present  at  approximately 
the  composition  of  Ti2TaAl.  The  diffusion  path  associated  with 
this  couple  is  plotted  on  the  phase  diagram  in  Fig.  22.  This 
diffusion  path  which  is  unique  in  a  given  diffusion  couple  as 
well  as  the  other  diffusion  paths  determined  from  the  TaTi  alloy 
overlayers  with  7  indicate  quite  clearly  that  during  the  initial 
interdiffusion  there  is  a  flux  of  aluminum  leaving  the  7  phase 
and  entering  the  tantalum  containing  overlayer.  With  this 
depletion  of  the  7  phase  in  contact  with  the  overlayer  surface  in 
aluminum  content,  the  conditions  for  development  of  an  a2  layer 
are  satisfied.  In  the  case  of  the  Ta/7  couple,  the  penetration 
of  aluminum  into  the  Ta  layer  provides  conditions  for  the 
development  of  a  a  layer  and  allows  the  diffusion  path  to  cross 
into  the  ternary  phase.  As  noted  previously  the  tie-line 
compositions  determined  from  the  diffusion  couples  have  been 
included  in  the  ternary  phase  diagram  plot  at  1100 'C  in  Fig.  13. 

After  extended  annealing  penetration  of  aluminum  through  the 
P  phase  occurs  in  the  deposited  couples.  It  is  clear  that  most 
of  the  diffusion  and  interdif fusional  mixing  occurs  in  the  p 
phase.  As  noted  by  the  diffusion  pathways  as  well  as  the 
composition  profiles  reported,  relatively  small  amounts  of  Ta 
penetrate  into  the  a2  and  7  phases.  In  order  to  allow  for  a 
determination  of  the  interdiffusion  coefficients  a  number  of 
additional  couples  were  prepared  with  compositions  noted  in  Table 
II.  In  these  cases  both  short  and  long  term  annealing  treatments 
were  performed.  The  shorter  term  annealing  treatments  after  just 
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a  few  hours  were  used  to  ensure  satisfying  boundary  conditions  at 
the  free  surface  of  the  couple  and  to  permit  an  evaluation  of  the 
interdif fusional  coefficients.  The  longer  term  anneals  were  used 
to  establish  the  validity  of  the  tie-line  information  as 
referring  to  stable  phase  arrangements.  In  some  cases  as  shown 
in  Fig.  23  where  in  a  Ta82Ti18/7  couple  2  hours  of  annealing  at 
1100 *C  allowed  for  development  of  an  a2  layer,  but  no  penetration 
of  aluminum  to  the  outer  surface.  More  extensive  annealing  of 
this  couple  for  48  hours  as  shown  in  Fig.  24  did  allow 
penetration  of  aluminum  to  the  outer  surface,  but  again  confirmed 
the  presence  of  the  ct2  composition  and  the  existence  of  a  ternary 
phase  composition.  However,  even  short  term  annealing  treatments 
did  not  always  succeed  as  indicated  in  Fig.  25  for  a  Ta55Ti45/7 
couple  which  was  annealed  at  1100 *C  for  1  hour.  In  this  case 
even  with  short  term  annealing  the  diffusion  in  the  £  phase 
overlayer  was  sufficiently  fast  to  allow  for  penetration  of 
aluminum  to  the  outer  surface.  In  fact,  after  48  hours  of 
annealing  complete  interdiffusion  and  penetration  resulting  in 
level  composition  profiles  was  obtained  as  indicated  in  Fig.  26 
and  served  to  establish  the  tie-line  relationships  which  are 
summarized  in  Table  III. 

In  order  to  evaluate  the  interdif fusional  fluxes  which  is 
essential  in  the  determination  of  the  coefficients  the 
composition  profile  measurements  were  analyzed  in  terms  of  the 
Matano  method  which  is  illustrated  in  Fig.  27.  Basically  the 
Matano  approach  is  one  that  allows  for  determination  of  the  plane 
over  which  the  interdif fusional  fluxes  are  balanced  between  the 
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pairs  in  a  couple.  The  importance  of  this  feature  may  be 
illustrated  by  considering  the  following  outline  of  the  Matano 
analysis.  The  basic  diffusion  equations  in  a  ternary  system  for 
a  two  phase  arrangement  of  ternary  solutions  are  given  as 
follows: 
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where  t  is  the  diffusion  time,  x  is  the  diffusion  distance  from 
the  Matano  interface,  and  and  C2  are  concentrations  of  solutes 

-v  A, 

1  and  2.  The  interdiffusion  coefficients  Du  and  D22  are 

A,  A, 


referred  to  as  the  major  coefficients  and  D12  and  °21  are 

•  referred  to  as  the  cross  coefficients. 

With  this  basis  it  is  possible  to  proceed  to  development  the 
relationships  to  evaluation  the  Matano  plane  and  the 

•  interdiffusion  coefficients  as  given. 

In  brief  the  Matano  analysis  allows  for  the  evaluation  of  the 
relevant  interdiffusion  coefficients  used  in  eqs.  1  and  2  based 

•  on  the  following  development.  For  each  component,  i, 
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where  v(C^)  refers  to  the  velocity  of  propagation  of  a 
concentration  within  the  diffusion  zone.  Hence,  Eq.  (3) 
becomes : 


v(Ci) 


r<Ci' 

ii 

■ - 

VT 

X 

rt 

L«*J 

(5) 


For  both  solid-solid  and  vapor-solid  couples,  Cj^  is  a  function  of 
the  Boltzmann  parameter,  1 ,  given  by  x/J  t 
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Hence,  at  constant  t,  Eq.  (5)  can  be  written  as: 
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Since  is  zero  as  x  goes  to  +«  or 


1  ‘ 

ri(x)  *  — 
2t 


Ci(x) 


X  dC, 


C± (+•) 

The  integral  in  Eq.  (9)  can  be  evaluated  from  the  concentration 
profile  of  component  i  with  x*0  located  at  the  Matano  plane, 
which  can  be  determined  for  solid-solid  couples  from  the 


relation: 


x  dC^  + 


Ci(+») 


Ci(  —  ) 


x  dC^  =  0 


From  Eq.  (10) ,  the  interdiffusion  flux  can  be  calculated  from  the 
composition  profile  as  illustrated  in  Fig.  27.  Moreover,  if 
is  expressed  by  the  extended  form  of  Fick's  law  for  an 
n-component  system, 


r  \  n  iC; 

ri  -  -  )  Dij  ~ 

L  Sx 


where  (n-1)2  interdiffusion  coefficients,  D^j  are  defined  and  can 
be  obtained. 

Kinetic  studies  were  carried  out  using  Matano  analysis  for 
the  couples  annealed  for  short  times.  The  composition  and  flux 
profile  for  two  different  couples  are  shown  in  Fig.  28  and  Fig. 
29.  The  flux  of  Ta  is  much  smaller  than  that  for  Ti  and  A1 . 
With  the  interdiffusion  flux  and  composition  gradient,  the  four 
independent  interdiffusion  coefficients  in  0  phase  were 
determined.  These  values  are  given  in  Table  IV  where  it  is 


evident  that  the  interdiffusion  coefficients  are  functions  of 


composition  and  generally  decrease  by  about  one  order  of 
magnitude  as  the  0  phase  composition  varies  from  Ta22  Ti78  to 
Ta82  Ti18.  The  influence  of  Ta  additions  on  slowing  diffusional 
processes  is  also  releaved  in  Fig.  30  which  summarizes  the 
measured  a2  layer  growth  kinetics.  The  parabolic  kinetics 
demonstrates  diffusion  controlled  growth  of  a2.  In  addition,  the 
Ta  composition  in  the  0  phase  provides  an  effective  means  to 
control  the  a2  layer  growth.  A  reduction  in  the  a2  layer  growth 
rate  by  a  factor  of  about  8  is  possible  based  on  the  results  in 
Fig.  30. 

Summary 

The  research  program  at  the  University  of  Wisconsin-Madison 
has  involved  interrelated  efforts  that  have  been  focussed  on  the 
determination  of  phase  equilibria  and  interdiffusion  kinetics  in 
selected  high  temperature  intermetallic  systems  for  use  in 
advanced  composites.  Based  on  initial  findings  the  investigation 
of  alloys  in  the  Ta-Ti-Al  system  has  been  emphasized  in  the 
current  work. 

The  phase  equilibria  in  the  Ta-Ti-Al  system  has  been 
evaluated  in  annealed  bulk  alloys  and  diffusion  couples.  A  major 
portion  of  the  isothermal  section  at  1100 *C  has  been  determined. 
Previous  reports  have  been  shown  to  be  incomplete.  It  has  been 
established  that  the  rj  phase  field  broadens  in  ternary  alloys  and 
that  the  a  and  7  phases  exhibit  significant  ternary  solubility. 
A  ternary  phase  has  been  discovered  with  a  composition  near 
Ti2TaAl  which  was  overlooked  in  past  studies. 
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The  diffusion  couple  studies  have  also  provided  new 
information  on  the  kinetics  of  the  chemical  interactions  and 
interdif fusional  mixing  at  composite  system  interfaces.  For 
diffusion  couples  between  0(TaxTii_x)  and  7  phase  pairings  a 
layer  of  the  a2  phase  forms  and  grows  with  a  planar  interface. 
Several  diffusion  couples  have  provided  tie-line  data  which  has 
served  to  define  the  extent  of  the  Ti2TaAl  phase  at  1100 °C.  A 
Matano  analysis  of  the  composition  profiles  and  the 
interdiffusion  fluxes  has  been  employed  to  evaluate  the 
dif fusivities  in  the  0  phase  which  range  from  10-10  to  10-11 
cm2/s.  The  lower  range  of  0  diffusivity  and  the  slowest  a2  layer 
growth  kinetics  occur  for  the  Ta  rich  0  phase  compositions.  This 
composition  dependence  of  the  diffusivity  provides  an  effective 
approach  to  controlling  interdiffusion  and  thermal  stability. 

The  results  of  this  investigation  will  serve  to  guide 
materials  processing  strategies  to  permit  the  development  of 
composite  systems  with  well  controlled  and  stable  microstructural 
features  that  have  been  identified  as  essential  for  oxidation 
resistant  structural  materials. 
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Table  I 

Alloy  Compositions  for  Phase  Equilibria  Evaluation* 


Sample 

Number 

Bulk  Alloy  Composition  Phases  Phase 

Ta  Ti  Al  Present  Ta 

Composition 

Ti  Al 

202 

23 

23 

54 

a 

Not 

7 

equilibrated 

203 

20 

47 

33 

a 

35.7 

30.8 

33.5 

°2 

9.7 

54.5 

35.8 

T 

15 

51 

34 

204 

25 

15 

60 

fl 

16.5 

13.5 

70 

7 

17.1 

23.4 

59.5 

°  (?) 

45.8 

7.9 

46.3 

280 

10 

26 

64 

7 

11.7 

39.5 

48.8 

a 

43.2 

20.8 

36 

18 

46 

7 

47 

Not  equilibrated 

1015 

25 

25 

50 

a 

43 

17.2 

39.8 

7 

13.6 

32.8 

53.6 

1016 

36.2 

25.8 

38 

a 

39.9 

24.6 

35.5 

7 

1017 

39 

28 

33 

a 

35.1 

29.3 

35.6 

T(?) 

15.5 

49.1 

35.4 

1018 

35 

25 

40 

a 

40.6 

22.1 

37.3 

7 

16.7 

35.7 

47.6 

*A11  compositions  given  in  atomic  percent 
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Table  II 

|  Phase  Arrangements  in  the  0  (TajjTi^x)  /t  Couples 

After  Annealing  at  1100* C 


Couples 

0  Layer 
Thickness 

Time  (hrs) 

Phase 

Arrangement 

P  (Ta82T^18)/'Tr 

30  n 

48 

0/T/a2/7 

P (Tag2Tii3)/7 

3  On 

2 

P/<*  2/7 

P (Ta60Ti40)/7 

60 

90 

P/<*  2/7 

P (Ta60Ti40)/7 

60  n 

65 

P/a2/l 

P (Ta60Ti40)/7 

60  n 

24 

P / a2/ 7 

P (Ta55Ti45)/7 

15  n 

48 

T/  <*2/ 7 

P  (Ta55Ti45)/lr 

15  n 

2 

P/a2/l 

P (Ta55Ti45)/7 

15  n 

1 

P/a 2/1 

P  (Ta22T;*-78)/7 

60  n 

24 

T/a2/7 

P  ('Ia22T^78)/lr 

60n 

28 

T/<*2/7 

£  (Ta22T:*-78)/7 

60  n 

50 

T/a2/7 

P (Ta18T^82)/7 

250 u. 

43 

2/7 

> 


Table  III 

Tie-lines  in  Ta-Ti-Al  System 


T  (  *  C) 

XTa 

xTi 

i 

XA1 

xTa 

xTi 

j 

XA1 

i-j 

1100 

0.14 

0.69 

0.17 

0.09 

0.69 

0.22 

0~a2 

1100 

0.40 

0.43 

0.17 

0.07 

0.66 

0.27 

0-a2 

1100 

0.43 

0.40 

0.17 

0.06 

0.65 

0.29 

1100 

0.18 

0.54 

0.28 

0.055 

0.645 

0.30 

T-a2 

1100 

0.18 

0.50 

0.32 

0.04 

0.62 

0.34 

T-a2 

1100 

0.18 

0.49 

0.33 

0.025 

0.62 

0.355 

T-a2 

1100 

0.65 

0.21 

0.14 

0.21 

0.47 

0.32 

/9-T 
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Table  IV 

Interdiffusion  Coefficients  in  the  p  Phase  of 
Ta-Ti-Al  System 


T  (  *  C) 

Couple 

^Ta-Ta 

^Ta-Al 

^Al-Al 

^Al-Ta* 

1100 

/9(Ta.22Ti.78)/7 

2.9X10"10 

1.8X10-10 

1.8X10-9 

-8.1X10"10 

1100 

0(Ta.24Ti.76)/7 

1 . 9xl0“10 

6 . 2xl0-11 

3.7X10-10 

-4.5X10-10 

1100 

P  (Ta.  67Ti.  33)/7 

5.7X10"11 

2.0X10"11 

1.6X10-10 

-2.5X10-11 

1100 

P (Ta. 82Ti . 18) /7 

1.0X10”11 

9.4X10"12 

4.9X10-11 

1.7X10-11 

♦All  dif fusivities  in  cm2/s 


TdL 


Ta  ATOMI  C  FRACTION 

Figure  2  Isothermal  section  at  1100 *C  for  the  Ta-Ti-Al  system 
reported  by  Sridharan  and  Nowotny  (5) . 
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Figure  3  Thermooal^  computed  ^^Jherma^  _ 
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Figure  5 


Thermocalc  computed  isothermal  section  at  1400 *c  for 
the  Ta-Ti-Al  system  (by  Kattner) . 
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Figure  6  Thermocalc  computed  isothermal  section  at  1500 *C  for 
the  Ta-Ti-Al  system  (by  Kattner) . 
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Figure  7  Liquidus  projection  estimate  based  on  thermocalc 
computation  for  the  Ta-Ti-Al  system  (by  Kattner) . 
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Figure  8  Lattice  parameter  variation  between  TaAl3  and  TiAli 
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Figure  11  Micrograph  of  a  Ta35  Ti25  AI40  sample  in  an  as-cast 
condition.  The  light  phase  is  a  (i.e.  #1)  with  a  minor 
amount  of  7  between  a  plate  like  a  structure. 
Precipitation  of  a  at  prior  grain  boundaries  suggests 
that  the  primary  solidification  phase  was  p. 
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Figure  12  Photomicrographs  of  a  Ta2o  T147  A1?3  sample.  a) 

As-cast  condition,  with  acicular  precipitates  (probably 
a2)  outlining  prior  /?  phase  grains  which  have 
decomposed  upon  cooling.  b)  Annealed  at  1100 ’C  for 
five  days  showing  a  block  a  phase  morphology,  with 
plates  of  another  phase  (probably  a2)  in  a  matrix  of  T 
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Figure  13  Isothermal  section  at  1100‘C  for  the  Ta-Ti-Al  system 
based  upon  the  current  investigation. 
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Figure  14  Cross-sectional  view  of  a  0 (Tig2Ta18 ) /?  diffusion 
couple  and  the  composition  profile  for  the  as-deposited 
condition. 
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Figure  15  Cross-sectional  view  of  a  0  (Tig^Taig ) /-y  diffusion 
couple  and  the  corresponding  composition  profile  after 
annealing  at  1100*C  for  16  hours. 
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Summary  of  the  interdiffusion  behavior 
0(Ti82Ta18)/-r  diffusion  couple. 
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Figure  19  Cross-sectional  view  of  a  0 (Ti4oTa60) /y  diffusion 
couple  and  the  corresponding  composition  profile  after 
annealing  at  1100’C  for  90  hrs. 


00 


24  hrs 


65  hrs 


90  hrs 


Figure  20 


o — o 

A - A 


□ - Q 


a  10  20  X  40  50  BO  7Q  an  90  I0D 


Distance  (u) 


Summary  of  the  interdiffusion  behavior  f 
P (T^40Ta60) /y  diffusion  couple. 
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Figure  21  Cross-sectional  view  of  a  Ta/y  diffusion  couple 
and  the  associated  composition  profile  after  annealing 
at  1100 *C  for  100  hrs. 
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23  Composition  profile  for  a  (Ta82Tii8)/7  couple  annealed 
at  1100  * C  for  2  hrs. 
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Figure  25  Composition  profile  for  a  (TaccTiac)/?  couple  annealed 
at  1100-c  for  1  hr. 
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Figure  26  Composition  profile  for  a  (Ta55Ti45)/7  couple  annealed 
at  1100 *C  for  48  hrs. 
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Matano  Analysis 
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Figure  27  Schematic  illustration  of  the  basis  of  the  Matano 
analysis  in  which  an  equal  area  construction  is  used  to 
establish  the  Matano  plane. 
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Figure  28  Composition  profile  and  Matano  analysis  of  component 
fluxes  for  a  0 (Ta24Ti76) /7  couple  annealed  at  1100*C 
for  1  hr. 
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Figure  29  Composition  profile  and  Matano  analysis  of  component 
fluxes  for  a  0 (Ta28Ti72)/7  couple  annealed  at  1100*C 
for  1  hr. 
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Introduction 

The  relatively  lower  costs  for  fabrication  and  secondary  processing  of 
particulate-reinforced  aluminum  alloy  matrix  composites  has  made  them 
attractive  for  certain  aerospace  applications  where  the  very  high  strengths  and 
elastic  moduli  offered  by  continuous  fiber-reinforced  aluminum  alloy-matrix 
composites  may  not  be  required.  The  role  of  microstructural  parameters  on 
fracture  toughness  and  tensile  properties  in  such  composites  has  been  discussed 
in  a  previous  paper  (1).  However,  more  often  than  not,  practical  structures 
are  subjected  to  combined  mode  loading,  which  necessitates  the  study  of  crack 
initiation  under  such  conditions.  The  objective  of  this  paper  is  to  determine 
how  mode  III  loading  superimposed  on  mode  I,  an  example  among  several  mixed¬ 
mode  possibilities,  affects  the  fracture  toughness  and  failure  mechanisms  in 
alumina  particulate-reinforced  aluminum  alloy-matrix  composites. 

There  is  a  paucity  of  experimental  data  describing  fracture  under  combined 
mode  I  -  mode  III  loading  conditions  for  any  type  of  material  let  alone 
particulate-reinforced  metal-matrix  composites.  Most  investigators  have 
reported  (2-5)  that  an  imposed  mode  III  load  contribution  lowers  the  mode  I 
component  required  to  initiate  fracture.  However,  Pook  (6)  found  that  mode  I 
fracture  toughness  was  independent  of  transverse  shear  for  several  high 
strength  alloys  and  that  fracture  occurs  when  the  resolved  mode  I  component 
equals  Klc-  Recent  investigations  (7,8)  have  established  that  combined  mode  I 

-  mode  III  behavior  in  steels  could  be  characterized  into  two  groups.  In 
ductile  steels,  a  mode  III  loading  component  seems  to  have  a  significant 
influence  on  the  mode  I  fracture  toughness  whereas  in  relatively  brittle  steels 
the  mode  III  component  has  very  little  influence  on  mode  I  fracture  toughness. 
Thus  it  would  be  interesting  to  observe  whether  alumina  particulate-reinforced 
aluminum  alloy-matrix  composites,  which  exhibit  only  a  limited  macroscopic 
ductility,  follow  a  similar  trend  under  combined  mode  I  -  mode  III  loading 
conditions. 


Bxper i genta 1  Procedure 

Mode  I  and  combined  mode  I  -  mode  III  fracture  toughness  tests  were  performed 
on  the  composites  listed  in  Table  I  with  the  matrices  in  the  0  condition  and 
with  nominally  equiaxed  particles  as  discussed  in  earlier  work  (9,10).  The 
mode  I  and  combined  mode  I  -  mode  III  specimen  designs  are  illustrated  in 
figures  l  and  2,  respectively.  The  mode  I  specimen  design  is  based  on  the 
standard  compact  tension  design  recommended  by  ASTM  E-399  (11).  The  essential 
modification  of  the  combined  mode  I  -  mode  II  design  compared  to  the  standard 

compact  tension  design  is  the  slanted  notch  oriented  at  45°  to  the  load  line, 
which  causes  the  crack  plane  to  adopt  this  slanted  orientation  at  the  onset  of 
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crack  initiation.  The  45°  angle  was  chosen  because  it  results  in  equal  amounts 
of  mode  I  and  mode  III  loading  components.  The  w/B  ratio  in  both  the  specimen 
designs  is  6.4,  which  does  not  satisfy  the  recommended  2  <  w/B  <  4,  but  is  an 
acceptable  alternative  when  the  thickness  of  the  as-received  material  is  small. 

For  the  combined  mode  I  -  mode  III  specimens,  it  was  observed 
experimentally  that  the  fatigue  pre-cracks  did  not  follow  the  initial  slanted 
notch,  and  hence  for  consistency  all  the  specimens,  including  the  pure  mode  I 
specimens,  were  pre-cracked  by  means  of  electron  discharge  machining  (EDM). 
Comparative  tests  with  prefatigued  and  EDM  notched  mode  I  specimens  gave 
identical  results  indicating  that  the  EDM  notch  root  was  less  than  the  process 
zone  size.  The  specimens  were  pulled  at  a  constant  crosshead  velocity  of  10 
um/s  in  a  MTS  servohydraulic  testing  machine  and  the  load  versus  load-line 
displacement  recorded.  For  a  few  combined  mode  specimens,  the  loading  was 
interrupted  at  fixed  intervals  to  measure  the  displacements  normal  to  the  load 
line  (horizontal  displacements)  across  the  mouth  of  the  specimens.  The 
measurements  correlated  well  with  continuous  measurements  and  final 
displacement  measurements  and  hence  the  rest  of  the  combined  mode  I  -  mode  III 
tests  were  carried  out  continuously.  The  fracture  surfaces  of  all  the  broken 
compact  tension  specimens  were  examined  under  a  scanning  electron  microscope. 

Results  and  Discussion 


Mode  I  Stress  Intensity  Factor 

The  mode  I  stress  intensity  factor  analysis  was  done  according  to  ASTM  E- 
399  (  11).  Kj-q  was  calculated  by  means  of  the  following  relationship: 

kiq  =  <VB  wl/2)  f<a/w>  I1) 

The  calculated  values  of  K^g  are  listed  in  Table  II.  Each  value  listed  is  an 

average  of  two  readings  with  a  spread  in  the  total  data  of  1.5  percent.  For 
most  cases,  the  Kjg  obtained  satisfies  the  condition  for  the  applicability  of 

LEFM  but  does  not  satisfy  the  condition  for  plane  strain.  Thus,  the  stress 
intensity  factors  obtained  here  are  meaningful  fracture  toughness  parameters 
but  not  valid  plane  strain  fracture  toughnesses. 


Combined  Mode  I  -  Mode  III  Stress  Intensity  Factor 

There  is  no  standard  procedure  for  analyzing  combined  mode  I  -  mode  III 
data.  In  this  investigation  we  have  chosen  to  do  the  analysis  using  the 
resolution  method.  This  method  involves  resolving  the  loads  and  the 
displacements  into  mode  I  and  mode  III  components.  From  the  geometry  of  figure 


3,  one 

can  write: 

and. 

PI 

=  P  sin9  , 

PIII  = 

P  COS9 

(2) 

6I 

=  6v  sin9 

-  6^  cos0  , 

6III  = 

Sv  cos9  +  sin9 

(3) 

where  6v  is  the  measured  vertical  displacement  or  displacement  parallel  to  the 


load  line  and  6^  is  the  measured  horizontal  displacement  or  displacement  normal 

to  the  load  line.  It  was  experimentally  found  that  S.  =  0  which  reduces 
equation  (3)  to  n 


=  6V  sin9 


'III 


=  6v  cose 


Representative  PT  versus  6.  and  P. 


plots  are  shown  in 


(4) 
fig.  4  . 


They  are  identical  because  9  was  =  45°  in  this  investigation,  which  results  in 
P^g  being  equal  to  P^^g.  The  resolved  mode  I  stress  intensity  factor,  K^g, 

was  then  calculated  analogous  to  ASTM  E-399  (11)  by  means  of  the  following 
relationship:  .  ,, 

KiQ  =  <piQ/B'  w  '  )  *i(a/w> 

where  B'  =  B/sin0.  This  is  because  the  slanted  crack  makes  the  effective 
thickness  of  the  crack  plane  larger  than  the  specimen  thickness. 

A  similar  type  of  analysis  could  be  used  to  calculate  the  resolved  mode 
stress  intensity  factor,  K^^g,  with  K^XXg  given  by: 

KiiiQ  =  (PiiiQ/B'  fIXI(a/w) 


(8) 


1 1 1 


(9) 
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However,  the  problem  is  that  there  are  no  explicit  solutions  available  for 
f -j- 1 1  (  a /w ),  for  compact  tension  specimens  loaded  in  mode  III  conditions.  This 


problem  was  solved  by  finding  the  ratio  of  the  stress  intensity  factors  under 
mode  III  and  mode  I  conditions  for  a  geometry,  illustrated  in  figure  5,  which 
approximates  closest  to  a  compact  tension  geometry  and  assuming  that  the  same 
ratio  holds  true  for  the  compact  tension  case.  The  ratio  /  K  was 

calculated  for  the  above  geometry  using  the  stress  intensity  factors  given  in 
ref.  12  and  was  found  to  be  equal  to  0.833.  Thus 


'iiiQ  =  °’833  KiQ  <1Q) 

The  values  of  and  so  obtained  are  listed  in  Table  II  along  with  the 

value  of  the  total  stress  intensity  factor  for  the  combined  mode  case, 

K. 


'totalQ'  wh^-c^  was  calculated  by  means  of  the  following  relationship: 
K— =  KiQ  +  KiiiQ  /  <3  > 


'totalQ  "  ‘'iQ  T  ,'iiiQ/  '  1  "  "  '  (11) 
Each  value  listed  is  an  average  of  two  readings  with  a  spread  in  the  total  data 
of  1.5  percent. 


Effect  of  Crack  Angle  on  Fracture  Parameters 

Figure  6  a)  and  b)  show  the  bar  graphs  of  K^g  and  Ktota|g  for  the  two  crack 

angles,  respectively.  KtotalQ  an<3  KIQ  are  ic*enti-cal  for  the  pure  mode  I  case. 

The  imposed  mode  III  loading  component  slightly  lowered  the  mode  I  stress 
intensity  factor  required  for  crack  initiation,  however,  the  total  stress 
intensity  factor  was  higher  in  the  combined  mode  I  -  mode  III  case  as  compared 
to  the  mode  I  case.  This  implied  that  the  crack  initiation  was  more  difficult 
in  the  combined  mode  I  -  mode  III  orientation  as  compared  to  the  mode  I 
orientation.  This  result  was  consistent  with  the  macroscopic  observation  of 
crack  rotation  towards  mode  orientation  immediately  following  crack  initiation. 
The  observation  of  fracture  surfaces  of  both  the  mode  I  and  combined  mode  I  - 
mode  III  compact  tension  specimens  under  the  SEM  revealed  essentially  the  same 
general  features  as  shown  in  figure  7.  The  combined  mode  I  -  mode  III  specimen 
fracture  surfaces  did  not  show  any  voids  elongated  in  the  shear  (mode  III) 
direction.  All  of  the  above  observations  tend  to  indicate  that  the  fracture  in 
such  composites  was  mainly  governed  by  tensile  (mode  I)  stresses  and  not  by 
mode  III  shear.  Thus,  it  appears  that  there  is  no  apparent  change  in  the 
failure  mechanism  in  such  composites  with  the  introduction  of  a  mode  III 
loading  component.  These  observations  are  consistent  with  the  results  reported 
by  other  investigators  (7,8,12,13)  for  other  materials  exhibiting  limited 
ductility.  The  higher  value  of  KtotaxQ  in  combined  mode  I  -  mode  III  loading 

compared  to  Kjg  also  suggested  that  in  alumina-particulate  reinforced  aluminum 

alloy-matrix  composites,  at  least  for  the  combined  mode  I  -  mode  III  loading, 
Kic  may  be  a  good  conservative  estimate  of  the  fracture  toughness  for  design 

purposes . 

Conclusion 


1)  The  imposed  mode  III  loading  component  slightly  lowered  the  mode  I  stress 
intensity  factor  required  for  crack  initiation.  However,  crack  initiation  was 
more  difficult  in  the  combined  mode  I  -  mode  III  case  as  compared  to  the  pure 
mode  I  case  as  reflected  by  the  higher  total  stress  intensity  factor  at  crack 
initiation . 

2)  There  was  no  apparent  change  in  the  failure  mechanism  with  the  introduction 
of  the  mode  III  loading  component.  Mode  III  shear  did  not  play  a  significant 
role  in  the  failure  process  which  was  mostly  influenced  by  mode  I  tensile 
stresses . 
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Table  I.  Alumina  particulate  size  D  and  volume  fraction  f  for  Composites 
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Table  II. 

Mode 
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FIG.  1.  Mode  I  compact  tension 
specimen  design. 


FIG.  2.  Combined  Mode  I  -  Mode  III 

compact  tension  specimen  design. 
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FIG.  3. 


FIG.  4. 


F igure 


Resolution  of  load  and  displacement  into  mode  I  and  mode  III  components 
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DISPLACEMENT  I.  Ill  (mm) 


Representative  resolved  load  versus  resolved  displacement  plots. 


5.  Geometry  used  for  calculating  K.../K.. 
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